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Abstract 
The human civilization continues to benefit from novel alloys systems ascribed to their 
unprecedented functionalities. Among many, shape memory alloys (SMAs) and high entropy 
alloys (HEAs) are presently of great research interest in material science and engineering 
community. Unlike conventional alloys, the former exhibits astonishing recoverability from 
excessive deformation and the latter possesses exceptional strength and ductility extending to 
cryogenic temperatures. This work investigates the high temperature response and elastocaloric 
effect of SMAs and strain hardening behavior of HEAs using advanced experimental techniques, 
i.e. digital image correlation (DIC), optical microscopy, electron microscopy, etc. 
In the first portion of this dissertation, the mechanical responses of the NiTiHf high 
temperature SMAs are investigated. This class of materials represent a significant advancement in 
extending the functionality of binary NiTi to elevated temperatures above 100 °C. Despite this 
potential, the previous results in the literature point to a disappointingly low transformation strains 
with addition of Hf. On the other hand, based on theoretical analysis using the lattice constants, 
the transformation strains should increase substantially with increase in Hf content. The present 
study addresses this discrepancy. Using DIC, the transformation strain is established with very 
careful strain measurements at small scales in both isobaric and isothermal experiments. Because 
of the heterogeneity of strain distributions, the results depend on the sub-region considered.  By 
scrutinizing the alloy systems with Hf content in the range from 12.5 to 25 at.%, we show that the 
experimental transformation strains in NiTiHf indeed increase with increasing Hf to unprecedented 
strain levels near 20%.  
In the second part of this dissertation, the elastocaloric (EC) effect of SMA is examined. 
The EC effect refers to the rapid cooling in SMAs during reverse transformation from martensite 
iii 
 
to austenite under adiabatic conditions. We present a very comprehensive study of the EC response 
far extending the existing literature by studying the effect of loading states (tension and 
compression), long-term cycling, strain localization, and deformation temperatures in several alloy 
systems including CuZnAl, NiTi, NiTiCu, Ni2FeGa and NiTiHf13.3. We found a substantial 
temperature change of 14.2 °C in CuZnAl, 18.2 °C in NiTi, 15.2 °C in NiTiCu, 13.5 °C in Ni2FeGa, 
and 6.95 °C in NiTiHf13.3 upon reverse transformation depending on the entropy change (as high 
as 60 J/kg K), the stress hysteresis, the inhomogeneity of the transformation and the number of 
superelastic cycles. A gradual deterioration of the EC effect in tension develops, while in 
compression the EC effect can be sustained much longer (in excess of 104 cycles). The Ni2FeGa 
SMAs possess an operational EC temperature window of nearly 200 °C, which is the widest among 
the chosen SMAs. With over one hundred experiments reported, the current study represents an 
authoritative summary of the EC capabilities of a wide range of SMAs. 
The last part of this dissertation deals with the equi-atomic FeMnNiCoCr HEAs due to 
their exceptional strain hardening behavior extending to large strains and to low temperatures 
(77K). We analyze the nano- to macroscale deformation response of FeMnNiCoCr single crystals 
and explain variations in strain hardening based on the activation of different twin and slip systems 
and their interactions. We experimentally determine the latent and the self hardening moduli upon 
twin-twin, slip-twin, twin-slip and slip-slip interactions. Choosing single crystal orientations that 
isolate these interactions enables the evaluation of the pertaining hardening moduli without 
ambiguity. Differing from the earlier experimental approaches employed, which necessitate 
sample reorientation to quantify the self and latent hardening coefficients, in this work, we 
demonstrate a novel framework where plastic straining is implemented in a monotonic fashion 
entailing the latent and primary systems operate simultaneously. To extract the hardening moduli 
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and to characterize different interactions on experimental grounds, <111>tension, <001>compression, 
<122>tension, <144>tension and <149>compression single crystalline samples are studied by high 
resolution DIC, electron backscatter diffraction and transmission electron microscopy techniques. 
The results demonstrate that the magnitude of residual Burgers vectors play a key role in 
explaining the experimental hardening trends. 
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Chapter 1 Introduction 
1.1 Shape Memory Alloys 
SMAs are an intriguing class of metallic materials owing to their ability to recover large 
deformations. They have been widely implemented in aerospace, medical and robotic industry. 
The thermoelastic martensitic transformation is the basis for their strain recoverability. It involves 
a solid to solid phase transformation from a high symmetry ordered (austenite) crystal structure to 
a low symmetry crystal structure (martensite). The mechanical behaviors of a SMA have been 
demonstrated as a function of temperature in Figure 1.1, where Mf, Ms, As, and Af are martensite 
finish, martensite start, austenite start, and austenite finish temperatures respectively. Md is the 
temperature above which martensite can no longer be stress induced, while plastic deformation of 
austenite occurs (the purple curve in Figure 1.1).  
At elevated temperatures, the slip or twin mediated plasticity accommodates the applied 
deformation, whereas the mechanical response is attributed to thermoelastic martensitic 
transformation at lower temperatures. On one hand, when a material is deformed at temperatures 
between Af and Md, we could expect superelasticity (SE) where large strain can be recovered via 
unloading. During SE (red curves in Figure 1.1), austenite transforms to martensite. The latter is 
also referred to as the stress-induced martensite. On the other hand, self-accommodated or twinned 
martensite can be induced by cooling below Ms without loading. When the twinned martensite is 
externally loaded, the twins oriented favorably to the applied load will grow at the expense of those 
unfavorably oriented. This deformation mechanism is called the twinning reorientation and the 
mechanical response is referred to as shape memory effect (SME). It is noted that the residual 
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strain is evident after unloading (the green curve in Figure 1.1). However, the strain recovery can 
be realized by additional heating above Af.  
 
Figure 1.1. Isothermal deformation of shape memory alloys at different temperatures. 
An overview of the deformation mechanism of SMAs as illustrated in Figure 1.2, especially 
from a perspective of microstructure evolution. It is important to note the phase transformation can 
be achieved via either temperature cycling (blue) or loading/unloading (orange and green). For a 
superelastic case (orange), the material will first start from an austenite phase at a. Upon reaching 
a critical stress at b, the martensite will nucleate. An invariant plane, also known as a habit plane, 
will separate the two phases. Usually, the martensite structure we observe here is a twinned 
martensite structure. A TEM picture of NiTiHf with the twin type identified as (011)-Type I 
twinning is instantiated in Figure 1.3 to showcase the twinned martensite structure. With further 
deformation, ideally the whole sample will transform into the twinned martensite state at point c. 
At temperatures below Mf, we are no longer dealing with austenite. Instead, we are deforming a 
twinned martensite structure. As the deformation proceeds, we can get a detwinned martensite 
structure at point d where one twin variant will grow at the expense of others. 
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Figure 1.2. Deformation mechanism of shape memory alloys 
 
Figure 1.3. (a) A TEM image demonstrates a twinned martensite structure of NiTiHf ternary alloys. 
(b) A corresponding selected area diffraction pattern. The twin plane is identified as (011) plane 
in this case. 
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1.2 High Entropy Alloys 
The high entropy alloys (HEAs) are attracting unprecedented attention of the material 
science and engineering community due to their promising mechanical properties. This class of 
material usually consist of five or more elements formulated in an equi-atomic fashion. The term 
‘high entropy alloy’ was defined because the alloy may have been modeled as an ideal solution. 
Although the understanding of the interplay between different phases and mixed entropy is still an 
ongoing research effort, important progress was made in the recent decade in terms of empirical 
guidelines, thermodynamic modeling and atomistic models providing a more balanced view 
compared to the initial rationalization centered on the configurational part of the mixing entropy. 
At the early stage, people found that the closer the alloy composition is to the equi-atomic level, 
the higher configurational entropy of the mixing, mixS , can reach. The expression of mixS  is 
delineated in Equation 1.1 [1], 
                                                     lnmix i i
i
S R c c = −                                                  (1.1) 
where R is the gas constant and ic  is the mole fraction of element i. According to Richard’s rule, 
higher mixS  can facilitate entropic stabilization of a random or disordered solid solution phase 
against intermetallic compound. As seen in Equation 1.1, with more element, it should be easier 
to reach high mixS and thus solid solutions. However, it turns out that only in a very limited 
number of cases, usually for system behaving like ideal or regular solutions, the high mixing 
entropy can explain the formation of a single-phase solid solution. In fact, Equation 1.1 assumes a 
rather ideal scenario where all elements have identical atomic size and loose arrangement, which 
is not necessarily the case in reality. Therefore, the mixing entropy should also be contingent on 
the atomic size, packing density, etc. Zhang et al. [2], showed that the atomic size difference, δ, 
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and the mixing enthalpy, mixH , can be two additional factors. He suggested that a solid solution 
phase can be induced when both mixH  (-15 kJ/mol to 5 kJ/mol) and δ (0 to 5) are low. Later, 
Mansoori et al. [3] gave a more constitutive description of the total configurational entropy of 
mixing ( TS ) as shown in Equation 1.2, 
                                                  ( , , ) ( ) ( , , )T i i C i E i iS c r S c S c r = −                                 (1.2) 
where ir is the atomic radius,   denotes the packing density, CS is the entropy of mix due to the 
number of elements which is equivalent to the multiplication of Boltzmann’s constant and 
Equation 1.1, and ES  denotes excessive entropy of mixing. In this study, we focus on the 
FeMnNiCoCr equi-atomic HEA. It forms a face-centered cubic (fcc) solid solution and is close 
enough to an ideal solution that the configurational part of the mixing entropy prevents formation 
of secondary solid solutions and intermetallics during preparation from the melt. 
From a mechanical point of view, it has been manifested by previous studies that 
FeMnNiCoCr HEAs exhibit superior tensile strength (~1 GPa  [4-6]), exceptional ductility (60-
70%  [4, 5]) and fracture toughness (exceeding 200 MPa m  [7]) at cryogenic temperatures (77K). 
The material also exhibits exceptional strain hardening response as shown in many previous 
undertakings (~ 3GPa above 15% strain). However, the origins of such high strain hardening are 
still yet to be established. To that end, the current study aims to fulfill this need.  
1.3 Thesis Organization 
In this thesis, we investigate the mechanical responses of a wide spectrum of materials 
using advanced experimental techniques. The outline of this thesis can be separated in to three 
main pillars: 
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(i) In the first portion of this thesis, we investigate the shape memory effect and 
superelasticity of a new NiTiHf high temperature SMAs (Chapter 3). The stress-strain 
curves are measured at different temperature levels. The corresponding strain contours 
are acquired using digital image correlation technique. Local strains extracted from 
these contour plots represent the intrinsic transformation strain, which is later used to 
compare to the theoretical values calculated from lattice deformation theory. The 
discrepancy between experimental and theoretical strain values is rationalized by 
means of transmission electron microscopy and electron backscattering diffraction. 
(ii) The second part of this thesis deals with the elastocaloric cooling capability of SMAs 
(Chapter 4). The exothermic forward and endothermic reverse phase transformation 
induced via stress can give rise to the temperature change of SMAs. When the loading 
or unloading is performed rapidly (adiabatic), the temperature change can be 
substantial. In this chapter, we embark on a study to explore the effect of entropy 
change, deformation temperature, multiple load cycling, heterogeneous phase 
transformation on the elastocaloric effects of a wide spectrum of materials. The study 
aims to constitute an authoritative summary of the cooling capability of SMAs.     
(iii) The third part of this thesis focuses on the strain hardening response of FeMnNiCoCr 
HEAs (Chapter 5). This class of materials shows an exceptional strain hardening 
behavior extending to high strain (~10%) and to cryogenic temperatures. We analyze 
the macro- and nano- scale deformation response of FeMnNiCoCr single crystals and 
explain the variations in strain hardening due to different deformation systems’ 
interactions, i.e. twin-twin, twin-slip/slip-twin and slip-slip. Specific interactions are 
triggered using specific single crystals orientations. We experimentally calculated the 
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self and latent hardening coefficients for each case. The deformation systems (twin or 
slip) are verified by means of transmission electron microscopy and electron 
backscattering diffraction. We later elucidate that the magnitude of residual Burgers 
vectors plays a key role in explaining the experimental hardening trends. 
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Chapter 2 Experimental Techniques 
In this chapter, the experimental techniques used to study the SMAs and HEAs in this 
dissertation are introduced. In a nutshell, we used the differential scanning calorimetry for the 
transformation temperatures measurement, digital image correlation for strain contour illustration 
and scanning electron microscopy for microstructural imaging and electron backscattering 
diffraction mapping.  
2.1 Differential Scanning Calorimetry 
A Perkin-Elmer Instruments Pyris 1 power-compensated differential scanning calorimeter 
(DSC) provides heat flow versus temperature data during temperature cycling without load. A 
picture of this device is shown in Figure 2.1. In the case of SMAs, the peaks on heating and cooling 
curves provide the information of transformation temperatures for the target material. This 
particular DSC machine utilizes liquid nitrogen to cool the sample down to sub-zero temperatures. 
The sample is essentially thin foil sectioned from the bulk materials using Buehler lower speed 
diamond saw. The thin foil is usually made into a 3 mm x 3 mm square-ish shape with a thickness 
of ~1.2 mm. The weight of the sample is typically in a range of 40 mg to 80 mg. The thin foil is 
then encapsulated or sandwiched between two aluminum foils provided by the same vendor as the 
DSC machine. 
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Figure 2.1 Pyris 1 Power-compensated differential scanning calorimeter machine 
Upon inserting the sample in the chamber, the sample is brought down to liquid nitrogen 
temperature to ensure that the sample starts from martensitic phase. The sample is held at cryogenic 
temperature for 2 mins before heating to ensure temperature equilibrium. Later, the sample is 
heated to high temperature to enable its transformation back to austenite. Lastly, the sample is 
cooled back to room temperature after a brief holding at high temperature. The test data associated 
with the martensite to austenite and austenite to martensite process are extracted for plotting. The 
heat flow is normalized by the sample mass so that different cases can be compared. 
2.2 Heat Treatment 
Heat treatment is an important procedure to engender coherent precipitates which can 
enhance the mechanical response, especially, of shape memory alloys by hinder the movement of 
dislocations. The effect of heat treatment on the material behavior will be elaborated in Chapter 3 
on NiTiHf high temperature SMAs. The regular heat treatments in air were performed in 
Linderg/Blue furnace (Figure 2.2a) which is able to heat up to 1100 ˚C (right) and 1300 ˚C (left). 
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For very long heat treatment, e.g. homogenization, the isolation from active agent, like air, is 
crucial. Therefore, it was performed in GSL-1500X vacuum furnace (Figure 2.2b) which can heat 
up to 1200 ˚C depending on the tube in use. A small pump was used to extract air out of the tube. 
The furnace also enables heat treatment in inert gas, like argon or helium. 
 
Figure 2.2 (a) Linderg/Blue Furnace (b) GSL-1500X Vacuum Furnace 
2.3 Digital Image Correlation 
Since the digital image correlation (DIC) technique was used extensively to acquire the 
strain contours, a brief overview of this technique is necessary. DIC is a non-contacting optical 
technique that keeps track of the light intensities associated with a reference image and a deformed 
image. Usually, the reference image is taken when the target sample is in its pristine condition 
without any deformation. To properly track the displacement of each pixel, their light intensities 
need to be mutually independent. To this end, a speckle pattern is deposited on the surface of the 
sample as the light intensity of each pixel on sample surface tend to be uniform once the it is 
polished to a mirror finishing. For in-situ DIC measurement, the speckle pattern is formed by 
airblasting one layer of Buehler silicon carbide polishing powder (600 grit or 1200 grit) and then 
airbrushing multiple layers of VHT SP102 high temperature black paint. The airbrush used is 
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manufactured by Iwata. For ex-situ DIC measurement, only the polishing powder is used to form 
a very fine speckle pattern in order to achieve high resolution. 
To correlate the pixels on reference and deformed images, DIC first separates the reference 
image into multiple sections call subset. Each subset needs to be big enough so that they are unique 
from each other. The standard subset size is 51 pixel by 51 pixel. To obtain a more detailed strain 
contour, the size of the subset was set to be 35 pixel by 35 pixel in most of our studies. Several 
strain contours obtained using different subset sizes are illustrate in Figure 2.3 to showcase the 
point. Since the shape of the subset will change during deformation, the displacement of each point 
or pixel within the subset can be calculated by correlating the current configuration to the reference 
configuration. Then, the strain contours can be calculated by taking derivative of the displacement 
field. The confidence of the calculation for each data point was monitored by tracking the light 
intensity of the same pixel on the reference and deformed images. We are using a commercial 
software, VIC-2D, to do the calculation. More details regarding the algorithm can be found 
elsewhere [8]. 
 
Figure 2.3 The strain contour obtained using (a) 35 pixel by 35 pixel, (b) 51 pixel by 51 pixel and 
(c) 100 pixel by 100 pixel. Note that more details can be revealed with smaller subset size, but the 
correlation will not be performed correctly if we reduce the size further due to the loss of 
uniqueness of each subset. 
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2.2.1 In-situ DIC Experiment 
The in-situ DIC measurement is usually carried out while the sample is still under loading 
and unloading cycles on a loadframe. The loadframe is controlled by a customized Labview 
program that has the capability of capturing images automatically. The image capturing requires a 
camera system set in front of the sample or the loadframe. The experiments undertaken throughout 
this dissertation used an IMB-202FT CCD camera and Navitar optical lens. The size of the image 
is 1600 pixel by 1200 pixel. The magnification or the resolution of the image can be tailored via 
the lens. Usually, the in-situ DIC images have coarse resolution of 4 μm/pixel to compensate for 
the blurriness caused by the vibration of machine movement. Such resolution can cover 
approximately 6 mm by 5 mm area. The in-situ DIC is used to capture the strain contour over a 
relatively large domain so that the averaged strain value is comparable to that acquired from 
extensometer. The detailed experimental procedures associated with each project are shown in 
Chapters 3, 4 and 5.  
2.2.2 Ex-situ DIC Experiment 
The ex-situ DIC measurement is performed when the sample is taken out of the loadframe. 
This usually involves high resolution measurement to investigate the nucleation and interaction of 
martensitic variants, twinning and slip at micro-level. Using an Olympus BX51M optical 
microscope, the magnification can increase to 10X, 25X and even 50X, which corresponds to a 
resolution of 0.43, 0.24 and 0.087 μm/pixel, respectively. 
Due to the high resolution nature of each image, the field of view can be miserable. This 
requires capturing multiple images in order to cover the entire area of interest. The correlation of 
each pair of reference and deformed image is performed. The obtained strain contours are then 
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stitched together. A more detailed description of the collage process can be found in Carroll et al. 
[9]. 
 2.4 Scanning Electron Microcopy  
The microstructure images (precipitates, twinning and grains) and electron backscatter 
diffraction (EBSD) maps shown in this thesis were performed on JOEF 7000F scanning electron 
microscope (SEM) at the Frederick Seitz Materials Research Laboratory Central Research 
Facilities, University of Illinois. For the alloys considered in this dissertation, the accelerating 
voltage was set at a level between 20 kV to 30 kV and the probe current was set at a level between 
10 nA to 15 nA for generating a clear and detailed image. However, it is also important to note 
that the voltage and current are subjective to changes depending on the alloys under investigation. 
For EBSD scanning the stage was tilted at an angle of ~70˚. 
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Chapter 3 Novel NiTiHf High Temperature Shape Memory Alloys 
3.1 Introduction 
3.1.1 Background and Motivation 
NiTi alloys undergo reversible phase transformations are widely used these days due to 
their exceptional shape memory and pseudoelastic behaviors. The NiTi possesses high 
transformation strains [10], low thermal and stress hysteresis [11] and good fatigue resistance [12]. 
The alloy has been a technological success with applications ranging from biomedical (mostly 
stents) to mechanical devices (such as actuators). Its behavior is well understood at the macro-
level [13] and many issues at the micro-level are continuing to be investigated [14]. However, 
people found that it remains difficult to extend these superb functionalities to high temperatures (> 
100˚C) despite numerous attempts to alter Ni and Ti content. The ternary additions (such as Hf, 
Cu, Fe, Pd and others) can improve the functionality of NiTi binary shape memory alloys [15, 16]. 
Among all, the addition of Hf can elevate the transformation temperatures so that it is possible to 
exhibit good shape memory response at higher temperatures.  However, in most cases, the addition 
of ternary elements has reduced the transformation strain magnitudes compared to binary NiTi. 
Experimental results on NiTi-20%Hf [17-20] and NiTi-25%Hf exhibit lower transformation strain 
than binary NiTi alloys [21]. In view of the inferior NiTiHf transformation strains measured at 
macro-scale compared to the theoretical values, the question remains whether better agreement 
can be achieved if experimental strain measurements were made at smaller length scales. In 
addition, high Hf compositions are often tested at high temperatures where slip induced plasticity 
may curtail the transformation. Studying a lower Hf content such as 12.5Hf at.% could provide a 
better assessment of transformation strain change with increasing Hf content. Moreover, precise 
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characterization of the NiTiHf microstructure (precipitate volume fraction and twin modes) is 
needed. For a complete study, the SMA experiments must consider both isobaric temperature 
cycling (shape memory) and isothermal pseudoelasticity. The strain levels for the two cases may 
differ because of the ease of plastic flow (or fracture) in pseudoelasticity experiments at higher 
strains.  
The majority of previous undertakings are considering polycrystalline material which is 
essentially a collection of single crystals. Some of the grains may never undergo phase 
transformation with respect to the loading direction. In addition, the grain boundary can serve as a 
potential blockage for transformation zone migration. Therefore, the mechanical responses can be 
greatly affected by grain orientations and grain boundaries. It is ideal to study the mechanical 
response of SMAs using single crystals as the effect of grain boundary can be neglected. The grain 
orientations are selected to be <001> in compression and <111> in tension to achieve the highest 
transformation strain. 
In this work, we undertake a thorough investigation following a multi-scale approach with 
the aim to provide a better understanding of the transformation behavior of NiTiHf SMAs. We 
used polycrystalline material NiTi-12.5Hf alloys to explore the effect of heat treatment on its shape 
memory responses. Then, the single crystal materials (NiTi-13.3Hf and NiTi-24.7Hf) with 
particular grain orientations are used to achieve higher transformation strain level and to gain an 
insight on the functional fatigue resistance of this class of materials. 
3.1.2 A Literature Review 
 The recent focus on high temperature SMAs has revealed exceptional recoverability at 
elevated temperatures [17, 19, 22-24].  The major motivation for these developments is the low 
slip resistance and insufficient recoverability of NiTi at high temperatures [25, 26].  We notice 
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that, for NiTi, the stress for reorientation of martensite and detwinning becomes much higher than 
that for slip dislocation above 100°C. The lowering of slip strength would lead to plastic 
deformation. Fortunately, addition of ternary element such as Pt, Au, Zr, or Hf to the NiTi binary 
system can alleviate such problem by tailoring transformation temperatures.  This will ensure large 
strain recoverability even at higher temperatures exceeding 100°C since the slip strength would 
remain at a high level. [27-31].  Among various ternary alloy choices, NiTiHf is the most attractive 
one because of elevation in transformation temperatures and strength [32] with a lower cost [33] 
compared to its competitor, Pd and Pt. In addition to elevating the transformation temperatures, 
the ternary additions in binary SMAs can impart elevation of strength against slip depending on 
the microstructure, heat treatment and precipitation [34].  In other words, through appropriate 
alloying and aging, NiTiHf SMAs can be manipulated to possess exceptional pseudoelastic 
behavior at desired temperatures and stress levels.   
The majority of early research on NiTiHf was focused on (Ti+Hf)-rich NiTiHf.  The reason 
for this was to achieve high transformation temperatures since Ni contents over 50%  dramatically 
offset the transformation temperature increase [35].  However, commercially applicable shape 
memory properties are difficult to realize with Ni contents less than 50 at.% due to their low 
resistance to slip dislocation [36, 37].  Additions of Cu or Re as a quaternary element into the 
ternary system had been attempted to improve its mechanical behavior [38, 39] without measurable 
success.  At this point, people realized that the Ni composition played an important role in having 
promising shape memory properties, i.e. pseudoelasticity. Indeed, Ni-rich NiTiHf (with Ni content 
in the range 50.2 at.% to 51.5 at.%) alloys exhibit high strength and stable transformation 
temperatures through proper aging treatment [19, 23, 24, 40, 41]. With short duration of aging, 
nanosized ellipsoidal-shaped precipitates which is identified as H-phase can be formed in Ni-
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riched NiTiHf with higher Hf composition (15 at.% to 20 at.%) [42-44].  The precipitates formed 
during the heat treatment process can dramatically enhance the transformation temperature and 
thermal stability [45].  Meanwhile, fine precipitates can further strengthen the material matrix by 
providing additional resistance to slip dislocation at higher temperatures.   
Research efforts have been focused on a wide range of Hf contents (10-20 at.%). Among 
all the Ni-rich NiTiHf, the mechanical behavior of NiTi-20Hf has been studied extensively 
recently [17, 19, 23, 40, 41]. Near-perfect pseudoelasticity was captured at 210˚C [40], 220˚C [17], 
and 240˚C [19, 41] with strain level often less than 4%.  Although the addition of Hf indisputably 
increases the slip resistance of the material at high temperatures, it results in loss of ductility [16].  
This will lead to the deterioration of pseudoelastic behavior as well. Therefore, NiTiHf with high 
Hf contents exceeding 20 at.% has not been considered.  We also note that the precipitates tend to 
coarsen much more rapidly with higher ternary element compositions under aging [43] limiting 
very high temperature applications exceeding 400°C.  For lower Hf composition, the majority of 
researches in investigating shape memory properties were conducted for (Ti+Hf)-rich NiTiHf.  
With 15% of Hf concentration in particular, pseudoelasticity was not discovered through 
monotonic tensile experiments [37, 46].   
The functional fatigue resistance of NiTiHf SMAs, especially those with high Hf content, is 
not well documented. The functional behavior under fatigue is impacted by two main factors: the 
occurrence of slip mediated plasticity and the accumulation of residual martensite. Both factors 
engender deterioration of the shape memory response. The slip mediated plasticity can occur at local 
scales, particularly at austenite-martensite interfaces where large strain gradients occur. There is 
continuing debate on the exact steps of the functional deterioration, nevertheless the increase in 
intrinsic slip resistance is expected to curtail the irreversibility effects and substantially improve 
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SMA functionality. Since the slip resistance of NiTiHf alloys is higher than other SMAs [47], one 
would anticipate superior functional properties. As an example, the increase in flow stress for the 
NiTiHf alloys is comparable to the (high Ni) Ni51.5Ti (at.%) alloys [48]. Remarkably, we show that 
the transformation strains of NiTi-25Hf are near 8%, while the Ni51.5Ti (at.%) alloys exhibit 
transformation strains less than 4%. Moreover, the high temperature SMA capability of NiTiHf is 
noteworthy. If the functionality is maintained in multi-cycles, the NiTiHf can open new possibilities. 
Comprehensive studies on temperature cycling on strain and hysteresis under isobaric conditions 
have been published in the literature. The compositions in the range 50.1 at.% to 51.5 at.% Ni 
represent most of nickel contents studied to date. In these early studies, the stress levels have been 
limited to 150MPa and the maximum temperature was less than 100°C [11]. As stated earlier, the 
NiTiHf alloys can elevate both stress and transformation temperature levels. The NiTiHf alloys 
retain the transformation temperatures during cycling as will be demonstrated in our experiments 
which is beneficial in practical applications.  
3.1.3 Theoretical Considerations 
The calculations of the transformation strain for the binary NiTi have been published in 
early works and compared with experiments with good overall agreement [10, 21, 49-51]. The 
highest transformation strains in binary NiTi have been observed as 10% in tension and 5.5% in 
compression. It is noteworthy that the theoretical transformation strains for NiTiHf are superior 
for both tension and compression compared to NiTi while the asymmetry in tension-compression 
prevails. The strain increases linearly with Hf content [52], so even small additions of Hf produce 
higher magnitudes of transformation strains. Since the theoretical NiTiHf transformation strains 
in compression can reach as high as 7% without the propensity of fracture, this can open up new 
applications. The tensile strains can reach near 15% which also exceeds the binary NiTi alloys 
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(10%) and can find specific implementations. The calculations of the transformation strains for the 
NiTiHf SMAs with different Hf compositions (as high as 25 at.%) were performed in this project 
to elucidate our point.  The most recent publications in Hf alloyed NiTi have been focused 
primarily on 20 at.% Hf  [20] and recently on 25 at.% Hf compositions [53]. The experimental 
transformation strains for 20 at.% Hf are less than 4% in most cases compared to theoretical values 
at 8%. In this project, In this chapter, we will reveal the theoretical transformation strain for both 
low (12.5 at.% Hf) and high Hf composition (24.7 at.% Hf). The theoretical transformation strains 
were established utilizing energy minimization and lattice deformation theories, and a 
straightforward comparison between theoretical and measured transformation strains is then 
presented. The details of the theoretical calculation can be found elsewhere. 
3.1.4 Experimental Considerations 
Previous works provided macroscopic strain measurements in NiTiHf over a large domain 
(millimeters) measured with an extensometer. The measured transformation strain is thus averaged 
over a large specimen area containing a large number of grains. These grains are expected to show 
different transformation strains which are highly orientation-dependent in NiTiHf-based alloys. 
Large strain heterogeneities are thus expected in the polycrystalline alloy, but such heterogeneous 
nature cannot be captured with classical strain measurement techniques. In this study, we measured 
transformation strain via digital image correlation (DIC) in order to determine its magnitude at 
small scales [53]. Local strain measurements via DIC [8] focus only on the grains (or a group of 
grains) in which transformation develops. The response in this region provides insight into the 
intrinsic transformation behavior as the surrounding domains remain largely untransformed. In 
addition to DIC, at smaller length scales the characterization of the microstructure was achieved 
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by utilizing SEM, TEM and STEM including high resolution observations to precisely determine 
the precipitate volume fraction and the type of twin planes.  
3.1.5 Summary 
 In this project, three material compositions are considered: NiTi-12.5Hf, NiTi-13.3Hf and 
NiTi-24.7Hf. The low Hf compositions were selected to facilitate the study of higher 
transformation strain. The high Hf composition were selected to explore its functionality at very 
high temperatures (exceeding 400 ˚C). By using polycrystalline material, we investigated the 
influence of different aging treatments on the transformation temperatures and transformation 
strains to achieve the most favorable transformation strain conditions. The single crystals were 
used to achieve higher transformation strain and also shed light on the functional fatigue resistance 
at high temperatures. At continuum scale, isothermal and isobaric tests were performed to 
characterize the superelastic and shape memory effect responses. At microscale, the intrinsic 
transformation strain was extracted at local area from DIC strain contours. Later, such 
transformation strain was compared to the theoretical one acquired from energy minimization 
theory and lattice deformation theory. We reveal a good agreement between the two in result 
section. The grain orientations were analyzed by X-ray diffraction and EBSD. At nanoscale, 
because of the importance of precipitation in NiTiHf alloys, we characterize the precipitate volume 
fraction with three dimensional microscopy techniques. The precipitate morphologies and twin 
interfaces were characterized through high resolution transmission microscopy. Overall, the work 
underscores the need for a multi-faceted approach combining (i) precise determination of the 
values of lattice constants with diffraction methods or electronic structure calculations, (ii) high-
resolution microcopy to identify twin types and volume fraction of precipitates, (iii) measurements 
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of local strains in a heterogeneous environment, and (iv) phenomenological martensite strain 
calculations to gain a stronger understanding of the behavior of NiTiHf alloys.  
3.2 Experimental Details 
3.2.1 Sample Preparation 
The polycrystalline Ni51Ti36.5Hf12.5 (at.%) alloy investigated in this work was produced by 
plasma arc melting. The ingots were sectioned into 4 mm x 4 mm x 8 mm compression samples 
by electrical-discharged machine (EDM). The samples were homogenized in the vacuum chamber 
for 4 hours at 1000˚C, followed by solution-treatment at 900˚C for 1 hour and quenching in iced 
water.  The samples were successively aged at various temperatures for different time periods. 
Very thin foils, 40 - 50 mg, were cut by a low speed diamond saw from each sample for differential 
scanning calorimetry (DSC) analysis. The surface of the compression specimens was polished by 
both 600-grit and 1200-grit SiC paper. A fine speckle pattern was then airbrushed onto the surface 
of the compression sample for digital image correlation strain measurements.  
The single crystals were grown utilizing the Bridgman technique in He atmosphere. The 
chemical compositions of the single crystal were checked with ICP-MS instrument. The results 
showed that the nominal composition of the single crystal is Ni50.5Ti36.2Hf13.3 (at.%). Prior to any 
experiments, tension samples were carefully sectioned from the single crystal ingot with a 
dimension of 2mm x 2mm x 8mm in the gauge section using electrical discharge machine with the 
loading direction along the <111>B2 crystallographic orientation. The single crystals were tested 
in the as-grown condition. Via DSC experiments, the transformation temperatures are determined 
to be Ms = -31.7˚C, Mf = -69.4˚C, As = -14.8˚C, and Af = 31.2˚C. 
In addition to the low Hf alloys, we also explored the functionality of high Hf alloys in the 
single crystal form. There are two orientations focused here: <011> compression and <111> 
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tension as both orientations yield the highest transformation strain based on theoretical calculation. 
The nominal composition of alloy is found to be Ni 50.3 at. %, Ti 25% and Hf 24.7%. The 
geometries of the compression and tension sample are similar to the low Hf alloys. The single 
crystals were tested in the as-grown condition. The transformation temperatures are significantly 
higher: Ms = 340 °C, Mf = 214 °C, As = 251 °C and Af = 422 °C. 
3.2.2 Mechanical Testing 
The isothermal and isobaric compression experiments were both conducted on a MTS 
servo hydraulic load frame. During isothermal experiments the specimens were deformed in 
displacement control at a strain rate of approx. 10-4/s. The load frame was controlled by customized 
LabView software and images were automatically captured during loading and unloading by an 
IMB-202FT CCD camera and Navitar optical lens providing a final image resolution of 4 µm/pixel. 
The temperature was controlled by Lepel induction generator through induction coils. The grips 
were cooled by means of copper wires connected with a liquid nitrogen tank allowing sub-zero 
cooling. A MicroEpsilon infrared pyrometer was used to monitor the temperature of the specimen 
(Figure 3.1). To investigate the deformation mechanisms at micro-scale (to reveal the variants or 
twins), a high resolution setup was constructed (Figure 3.2) by mounting the microscope on top of 
a stage which has translation and rotation capability in x, y, z and Φ direction. In order to explore 
the shape memory properties in the isothermal condition, the sample was heated above Af to ensure 
complete transformation into austenite state. Subsequently, the temperature was gradually 
decreased to the test temperature. In isobaric test, images were manually captured during heating 
and cooling with a temperature step of 5˚C. During the isobaric test for the long aged heat treatment, 
the temperature was cycled between 0˚C and 140˚C. For high Hf alloys, the temperature was 
cycled between 150 ˚C and 450 ˚C for 10 cycles to investigate the functional fatigue of this class 
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of materials. The axial strain fields obtained from these experiments through DIC were used to 
characterize stress-strain and strain-temperature behaviors of the material. 
 
Figure 3.1 (a) An experimental setup that go to very high temperature (up to 450 ˚C) meanwhile 
has sub-zero capability (b) A closer look at the grip section 
 
Figure 3.2 (a) A closer look at the high resolution setup with microscope on the left and infrared 
pyrometer on the right (b) An overview of the high resolution experimental setup 
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3.2.3 Microstructural Characterization 
The microstructural characterization of NiTiHf SMAs were performed by Professor 
Minoru Nishida in Kyushu University using SEM and transmission electron microscopy (TEM). 
Specimens for TEM and SEM were electro-polished by the twin-jet method in an electrolyte 
solution of HNO3 and methanol, (1:5, v/v) about 255 K. The SEM observations were conducted 
on a Carl Zeiss Ultra 55 system. The focused ion beam slicing and SEM observation were 
repeatedly performed on a FEI Scios DualBeam system. A FIB slicing interval was set to 5 nm. 
The successive tomographic images were analyzed with the software Amira (Maxnet, Inc.).  
Selected-area electron diffraction experiments and TEM observations were carried out on a JEM-
2000EX system operated at 200 kV. High-angle annular dark-field scanning transmission electron 
microscopy (HAADF-STEM) observations were performed on a JEM-ARM200F system (Cs-
corrected 200 kV STEM). The electron probe size and current were 0.10 nm and 20 pA, 
respectively. For the HAADF-STEM imaging, the convergence semi angle was fixed to 22 mrad. 
The collection semi angle was set between 90 and 170 mrad. 
X-ray diffraction and crystal orientation analysis were conducted on Philips Xpert 2 
diffractometer using Cu Kα radiation at room temperature. A Ni filter was used to suppress the Kβ 
wavelength [54]. The voltage and current are set to be 45KV and 40MA respectively. The EBSD 
analyses were performed on JOEL 7000F SEM. Both X-ray diffraction and EBSD were conducted 
at Frederick Seitz Materials Research Laboratory Central Research Facilities, University of Illinois. 
3.3 Experimental Results 
3.3.1 NiTiHf12.5 Polycrystalline 
The most important DSC results are shown in Figure 3.3(a). Compared to the homogenized 
case, the transformation temperatures decreased upon solution-treatment and successively aged at 
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637˚C for 1 hour. In addition, for the case of 605˚C/4hr and 665˚C/4hr heat treatments, the 
transformation temperatures are still similar to those of the homogenized case. Increment of the 
transformation temperature can be observed in the long time aging cases, i.e. 637˚C/11hr and 
637˚C/100hr. In order to investigate the shape memory behavior at the highest temperatures 
possible, long aging times were chosen (the grey curve in Figure 3.3(a)). In Figure 3.3(b), the 
influence of the aging time on the APT and MPT temperatures for a fixed aging temperature 637°C 
is presented.  Both APT and MPT quickly increase from 1 to 15 hours of aging. MPT increases faster 
than APT resulting in a big drop of hysteresis, APT-MPT, at the lower aging time range. The 
hysteresis, APT-MPT, shows a minimum at 10 hours aging and increases slightly with further aging 
time. 
 
Figure 3.3 (a) DSC Curves showing the influence of the most significant heat treatments on the 
phase transformation temperatures; (b) Effect of aging time on austenite (APT) and martensite 
peak temperatures (MPT). 
In Figure 3.4, precipitation in the material matrix for the case of 637˚C /100hr was captured 
through SEM. Based on the volume fraction of particle in grains 1 and 2, the overall volume 
fraction was calculated to be approximately 20%. The cross section shape of the precipitate is 
oblate spindle like as shown in (b) and (c), which is also similar to the one reported for Ti-rich 
NiTiHf after 150 hours of aging [55].  However, the overall shape of the precipitate can be more 
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complicated as shown in Figure 3. The size of the precipitate is measured as approximately 200nm. 
These facts are also confirmed by three dimensional visualization of the precipitate structure in 
Figure 3.5.  
 
Figure 3.4 (a) Secondary electron image showing precipitation distribution in Ni51Ti36.5Hf12.5 aged 
at 637°C/100 hr. (b) and (c) Enlarged images captured from the framed areas in (a). 
 
Figure 3.5 3D visualization of the precipitate structure 
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Isobaric experiments were conducted under different applied compressive loads. In Figure 
3.6, we also report the strain fields at the minimum temperature of each thermal cycle under the 
specific compressive stress. The strain fields were obtained using the reference image captured at 
the maximum temperature and zero stress. The solid line was determined averaging the axial strain 
fields over all DIC region (4 mm x 3 mm). It is worth pointing out the heterogeneous nature of the 
strain fields where low and high strains are exhibited at small scales. The heterogeneity of the 
strain distribution is mainly due to the fact that finite volumes retain their austenitic structure. This 
observation is further confirmed with X-ray diffraction of the samples based on the B2 peaks. In 
order to quantify the maximum transformation strain in the strain-temperature plots, we also 
include the curve representing the local temperature-strain behavior of the region that display the 
largest strain localization (dashed line). The area which was used to collect localized data is shown 
in the strain contour plots by a black box. Besides, the red line and blue line represent heating and 
cooling, respectively. From 0 to 500 MPa applied stress, negligible irreversibility was measured 
either for the averaged strains over the DIC region or for the local. The maximum local 
transformation strain was obtained to be 5.5% at 500 MPa. The hysteresis was found to be 
approximately 40˚C. In addition, the transformation temperatures will also tend to increase with 
increasing of applied stress. According to Figure 4, when the applied stress is 0 MPa, Mf, Ms, As, 
and Af are 20˚C, 35˚C, 50˚C, and 70˚C, respectively. All the temperatures increase by 15˚C when 
a 500 MPa stress is applied. The trend matches with the other experimental results published in 
the literature [19]. However, the thermal hysteresis stays relatively stable at a level of 40˚C. 
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Figure 3.6 Isobaric tests at various compressive stresses for the Ni51Ti36.5Hf12.5 alloys aged at 
637˚C/100hr. The corresponding DIC results at each stress level show the strain contour at the 
minimum temperature of the thermal cycle. The boxes displayed in the DIC strain fields indicate 
the region used to calculate the local strains and the corresponding strain-temperature curves 
(dashed line).  
In Figure 3.7, we report the stress-strain curves obtained during isothermal experiments in 
the temperature interval between pure martensite deformation and pure austenite deformation 
(slip). To gain more insight into strain heterogeneity, the black curve indicates the averaged strain 
over a large area on the sample (4 mm x 3mm), while the blue curve indicates the local stress-
strain behavior. It is important to note that transformation is localized at small scales. The red lines 
underneath the stress-strain curves indicate the recoverability after the thermal cycle following 
heating and cooling to the test temperature at zero load. At the martensite start temperature, 40˚C, 
the yield stress displays a minimum. The corresponding residual local strain (3%) was then fully 
recovered after the heating/cooling thermal cycle. At temperatures where stress induced martensite 
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can be obtained (85°C-100°C), good pseudoelasticity is found and shown in Figure 3.7(b).  Based 
on these results the maximum work output can be estimated using a stress level of 1200 MPa and 
a strain level of 4.4% as 50 J/cm3. This magnitude exceeds the work output levels observed for 
other NiTiHf alloys.  
 
 
Figure 3.7 Stress and strain relationship at various temperatures in which (a) shape memory effect 
(SME) dominates and (b) pseudoelasticity (PE) and plasticity (PLS) dominate. The local in-situ 
strain measurement (blue curves) were extracted from the strain fields delimitated by the boxes 
displayed in the DIC images. 
30 
 
The relationship between 0.1% offset flow stress and temperature is plotted in Figure 3.8. 
A linear relationship with a slope of 14.5MPa/˚C between flow strength and temperature is shown. 
The stress corresponding to the Md temperature is nearly 1200 MPa which is substantial. The 
transformation temperatures are marked on the figure. In the inset, similar relationships for NiTi 
[56] and NiTiCu9 [57] are presented to provide an insight into the comparison of flow stress among 
the three materials.  
 
Figure 3.8 Flow stress as a function of temperature when the Ni51Ti36.5Hf12.5 is heat-treated at 
637˚C/100hr and 637˚C/92hr. The inset shows NiTi and NiTiCu9 for comparison.  
The pseudoelastic behavior for shorter aging treatment times, 637˚C/4hr and 637˚C/2hr, 
was also investigated. The stress-strain characterizations obtained through isothermal tests are 
shown in Figure 3.9. As shown, when a 4 hours aging treatment is implemented, near-perfect 
pseudoelastic behavior was obtained at relatively lower temperatures. Perfect pseudoelastic 
behavior is captured at both 40˚C and 55˚C for 637˚C/4hr heat treatment. At 70°C, irrecoverable 
processes (slip of austenite and/or slip of transformed martensite) occur and small residual strains 
were measured upon unloading. The shape memory effect is obtained at room temperature for this 
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heat treatment.  It is also interesting to observe that pseudoelastic behavior is captured at 40˚C 
which is below austenite finish temperature, approximately 60˚C. 
 
Figure 3.9 Pseudoelastic behaviors of the Ni51Ti36.5Hf12.5 alloy at various temperatures after the 
637˚C/4hr aging treatment. The local in-situ DIC strain measurement is shown in blue curve. 
In Figure 3.10, the pseudoelastic behaviors for different aging treatments at different load 
steps were reported and compared. The temperatures selected for the tests were all at Af-5˚C.  In 
all three cases, pseudoelasticity was captured at a relatively high stress level above 800 MPa. The 
overall strains recovered at a same stress level are similar for all three cases. When a compressive 
stress of 1200 MPa stress is applied, maximum total strain in the order of 5% and 5.5% are 
recovered locally upon unloading for the 637˚C/2hr and 637˚C/4hr aging, respectively. For these 
aging treatments the transformation strain is determined to be 3.5% and 4.2% as shown in Figure 
3.10. No apparent irreversibility was observed as well. On the other hand, at the similar stress level, 
obvious plastic strain, 0.5%, is accumulated locally for the 637˚C/100hr aging. The plastic strain 
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accumulation due to long time aging also verifies the fact that over-aging would deteriorates the 
pseudoelasticity. 
 
Figure 3.10 Pseudoelastic behavior for three different aging treatments for the Ni51Ti36.5Hf12.5 alloy. 
The local in-situ DIC strain measurement is shown in blue curve. This figure is significant because 
it points the high work output in these alloys near 50 J/cm3. 
The strain contour plots captured at the maximum and minimum load were shown in Figure 
3.11 for the 637˚C/4h aging treatment. The amount of total strain in the order of 4.4% is fully 
recovered, while 3.3% of which is due to phase transformation.  In addition to the pseudoelastic 
behavior, the hysteresis is found to be the lowest for the 637˚C/4hr case among all. In the DIC 
images that were shown in Figure 3.7Figure 3.9 and Figure 3.11, the transformation strain 
distribution in this material is not uniform. In order to appreciate such phenomenon explicitly, a 
three dimensional illustration of the axial strain contour is reconstructed into Figure 3.12(a). At 
the maximum and minimum load, an averaged strain over the peak area A is plotted as a function 
of positions in X direction in Figure 3.12(b). The local strains pointwise reach 6% levels.  
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Figure 3.11 The last load step at 55˚C for the Ni51Ti36.5Hf12.5 alloys aged at 637˚C/4hr with DIC 
results showing strain contours at both maximum and minimum loads under compression. The 
local in-situ DIC strain measurement is shown in blue curve.  
 
Figure 3.12 (a) Three-dimensional illustration of the strain contour at the peak stress, σ = -1200 
MPa, for 637˚C /4hr aging (b) Strain as a function of position in X direction at the maximum and 
minimum load in A. 
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3.3.2 NiTi-13.3Hf single crystal 
The transformation temperatures for NiTi-13.3Hf single crystal in the as-grown condition 
were determined by using DSC as shown in Figure 3.13. For the as-grown condition, Ms was 
measured as -31.7˚C, Mf = -69.4˚C, As = -14.8˚C, and Af  = 31.2˚C.  
 
Figure 3.13 DSC results of NiTi-13.3Hf in the as-grown condition. APT and MPT represents the 
austensite and martensite peak temperatures 
The X-ray diffraction was used to determine the <111> crystal orientation of the NiTi-
13.3Hf tensile specimen.  The experimental inverse pole figures constructed from the X-ray data 
are presented in Figure 3.14. The results show that along the loading direction X the specimen is 
properly oriented along the <111> orientation, while the normal to the specimen plane is parallel 
to the <011> crystal direction. The X-ray diffraction pattern is also reported in Figure 1. Peaks of 
the cubic (B2) austenite appear following the reflection of the {011}B2 and {022}B2 planes. The 
lattice constant of the cubic B2 austenite was calculated from the position of the {011} and {022} 
peaks to be ao=3.0641 A
ͦ
. 
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Figure 3.14 X-ray diffraction pattern and inverse pole figure obtained on NiTi-13.3Hf showing 
the microstructure and specimen orientation 
The details of the calculation procedures utilizing LDT are explained in [21], so it is not 
covered for the sake of brevity. More details will be presented in Section 3.4. In Figure 3.15, the 
stereographic triangle exhibiting transformation strain contours from LDT are presented for NiTi-
13.3Hf. The highest strains are near the <111> pole where the maximum transformation strain was 
as high as 14.2%. 
 
Figure 3.15 Stereographic Triangle demonstrating the transformation strains in tension for NiTi-
13.3Hf calculated by lattice deformation theory (LDT). 
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In Figure 3.16a, we report the isothermal behavior in tension. The black curve demonstrates 
the stress- strain behavior over a wide domain (2mm x 4mm) while the blue dashed line represents 
the local behavior (0.3mm x 0.6mm). The transformation stresses were 592 MPa and 850 MPa at 
0°C and 50˚C respectively. We note the downward slope of stress-strain curves in all cases. In the 
case of 0˚C, multiple transformation bands nucleate at 592 MPa followed by coalescence (Point 
B). When the maximum local strain reaches 23% (Point C), the transformation zone has widened, 
yet substantial elastic domains remain outside this zone. Removing the inherent elastic strains, the 
strain recovery is marked on the figures. In summary, 
loc
transε , was as high as 21.5%, while over 
large domains the transformation strain, 
overall
transε ,   was on the order of 12.7%. 
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Figure 3.16 a) The experimental stress-strain curves at various temperatures demonstrating the shape memory effect and superelasticity 
of NiTi-13.3Hf in tension. The overall strain is plotted in the solid black line, while the local one in the blue dashed line. The solid red 
arrow indicates the recoverability of strain after heating above Af. b) The DIC strain contours are shown to demonstrate the evolution 
of transformation strain at different steps in one load cycle. The rectangular box displayed in the DIC images indicates the origin of 
local strain in part a). The maximum local and overall transformation strains, 
loc
transε  and
overall
transε , are indicated on the Figure. c) Strain 
field of the entire gauge section (2mm x 8mm) of the specimen at point D is presented showing the heterogeneity of the transformation
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A clear superelastic response was evident at 50˚C in Figure 3.16a. The transformation 
stress is approximately 850 MPa (a corresponding CRSS, with a Schmid factor of 0.4, of 340 MPa). 
The maximum local strain reached was as high as 20%. Upon unloading, the majority portion of 
the localized strain is recovered. However, 1.5% of residual strain does not recover even after 
heating. At a smaller domain, the reversible strain was 18.7%.  The recoverability is reduced by 
2.8% compared to values at 0°C and RT due to the higher propensity of slip deformation with 
higher levels of stress.  The flow stress obeys a Clausius-Clapeyron type relationship with a slope 
of 5.6MPa/˚C as shown in Figure 3.17.  
 
Figure 3.17 The flow stresses at different temperatures are plotted against the temperatures. The 
Clausius-Clapeyron slope was determined at a temperature range from 25˚C to 65 ˚C where 
superelasticity was observed.  
Figure 3.18 illustrates the isobaric behavior of NiTi-13.3Hf when it was temperature 
cycled between -50˚C to 55˚C under a tensile stress of 500 MPa. The local and overall 
transformation strains are 17.5% and 11.8% respectively. These measurements are close to those 
achieved in the isothermal experiments. Note that the transformation temperatures were increased 
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under stress. When a 500 MPa external stress is applied, Mf, Ms, As, and Af under stress were -
30˚C, -10˚C, 25˚C, and 45˚C, an increase of 15°C compared to DSC results. 
 
 
Figure 3.18.  Strain as a function of temperature for NiTi-13.3Hf orientated in [111] direction. 
The dashed line indicates the local response while the solid line overall behavior. The local strain 
is extracted from the rectangular area enclosed in the DIC strain contour. 
We also explored the functionality of the <111> single crystal in compression for this 
composition. In Figure 3.19, the results show the superelasticity of the 13Hf alloy exhibiting strains 
exceeding 6.5% for <111> orientation in compression. The DIC images are depicted at locations 
1 and 2 of the stress-strain curve. The strains are fully recovered upon unloading. The DIC results 
can be used to define a local and global strain measure. We also note that, in Figure 3.19, the strain 
distribution is more homogeneous in compression when compared to the tensile case (Figure 3.16). 
The local measure of strain represents the intrinsic transformation strain without the influence of 
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the elastic domains. Such high strains in compression exceed previously reported values. We note 
that the stress magnitudes are as high as 1500MPa which can open new application for this alloy.  
 
Figure 3.19 The stress-strain response of NiTi13Hf under compression (<111> orientation). The 
black line corresponds to average strain over a smaller area shown above.  
3.3.3 NiTi-24.7Hf single crystal 
The tensile and compressive (isobaric) temperature cycling experiments were conducted and 
the results are given in Figure 3.20 and Figure 3.21. We note that the experimental results are shown 
for cycles 1 to 10 in both cases. With the solid lines are represented the strain-temperature curves 
obtained averaging volume of both transforming and elastic regions (macrostrain). The dashed lines 
indicate the local strains corresponding to transforming domains. As shown in Figure 3.20, in tension, 
the maximum transformation strain is established as 8.1%. In compression (Figure 3.21), the 
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maximum transformation strain is -5.4%.  The results are shown for <111> and <011> directions in 
tension and compression respectively. These orientations are the most favorable ones for tension and 
compression.  
 Close examination of results shows that the transformation strains are very stable, and there 
is no accumulation of permanent strain with cycles. The transformation temperatures, hence the 
thermal hysteresis, also remain stable under cycling. The austenite finish temperature is near 400°C 
while the martensite finish temperature is near 270°C. This lower temperature shows that the 
operation temperature of this alloy is in excess of 270°C. Comparing the local strains (Figure 3.20) 
for the 1st and 10th cycle shows that the transformation domains increased in volume and there is a 
tendency for the transformation domain to spread to the entire volume.  
  
Figure 3.20 Strain-temperature results under constant tensile stress in <111> oriented NiTiHf in 
tension. The local strain was extracted from the rectangular area (1mm x 2mm) on the DIC strain 
contour. Local strain measurements show that the maximum transformation strain increases with 
cycling from 7.25% to 8.10% after 10 isobaric cycles.  
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Figure 3.21 Strain-temperature results under constant compressive stress in <011> oriented NiTiHf 
in compression. The local transformation strain reaches 5.4% after 10 isobaric cycles. 
The tensile experimental result for the NiTi-25Hf alloys are shown in Figure 3.22 under 
temperature cycling. Both local and global strains are shown and the transformation strain in 
tension is nearly 10%.  The remarkable observation is that the Af exceeds 400°C. In Figure 3.22(b), 
we compare the traces of the habit planes as evident from the strain localization with the variants 
predicted from the phenomenological theory. The habit planes associated with variants #3, #9 and 
#11 coincide with the austenite/martensite interfaces that are noted in the DIC images below. The 
variants #3, #9 and #11 belong to the habit plane family given as {-0.0125 0.8204 -0.5716}. Note 
that we are only showing 12 out of 24 variants for brevity. In summary, the in-situ measurements 
of A/M interface orientations as reported here showed excellent agreement with the 
phenomenological theory lending support to our transformation strain calculations. 
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Figure 3.22 (a) Isobaric experiments on [111] Ni50.3Ti25Hf24.7 single crystals showing local strains 
near 9.5% and transformation (austenite finish) temperatures are near 420°C. External applied 
stress is tensile at 250MPa. Strains for both the local (marked with a box on the figure) and global 
scale (the entire DIC area) are shown. (b) Comparison of DIC results and the traces of martensite 
variants showing activation of V#3, V#9 and V#11. Note that EBSD characterized the loading and 
side orientation of the sample.    
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3.4. Calculations of Transformation Strains and Electron Microscopy 
3.4.1 Low Hf alloys 
To gain further insight into transformation behavior of the low Hf content alloys (12.5 at.% 
to 13.3 at.%), the theoretical transformation strains were calculated using the following lattice 
constants. For 12.5 at.% Hf alloys, the lattice constant for austenite a0=0.3075, and for the 
monoclinic martensite a=0.2970, b=0.4060, c=0.4770 and monoclinic angle=98.9˚ [47]. Similar 
results were acquired for 13.3 at.% Hf alloys. The lattice constant of austenite ao=3.0641 A
ͦ
. For 
the monoclinic martensite (B19’) structure, the lattice parameters were obtained for several 
compositions utilizing DFT [58] and then interpolated to obtain the following values: a=2.986 A
ͦ
, 
b=4.0728 A
ͦ
, c=4.786 A
ͦ
, γ=99.9˚.  
Figure 3.23(c) and (d) are the bright field image and its corresponding electron diffraction 
pattern in the NiTi-12.5Hf aged at 637°C for 100 hr. The pattern consists of two sets of [100]B19’ 
reflections with  the (011)B19’ Type I twin relation. Since the sharp line contrast between alternate 
platelets in (c) is parallel to the trace of (011)B19’, the platelets are in (011)B19’ Type I twin relation. 
This twin relation is clearly confirmed in HAADF-STEM and its inverse fast Fourier transformed 
images in (e) and (f), respectively. From the electron diffraction experiments, the structure of 
precipitate is the same as that reported by Santamarta et al. [43]. There are four sets of precipitate 
marked as 1, 2, 3 and 4 around 01
-
0M and 001
-
T spots in the enlarged pattern inserted in the upper 
right corner in (d) [43].  Figure 3.24(a) and (b) indicate that there are three sets of B19’ martensite 
plate consisting of (001)B19’ compound twins marked as A, B and C. There are also 1/3 110*B2 
type reflections derived from precipitate marked as P in (b).  The interfaces between three 
martensite plates are not straight and sharp in comparison to those in Ni50.7Ti29.3Hf20 alloy furnace 
cooled from 1000˚C. 
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Figure 3.23 (a) Bright field image and (b) corresponding electron diffraction pattern showing 
(011)B19’ Type I twin and four variants of precipitate (P); (c) HAADF-STEM image and (d) its 
inverse fast Fourier transformed image showing mirror symmetry of lattice planes with respect to 
(011)B19’.   
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Figure 3.24 (a) Bright field image and (b) corresponding electron diffraction pattern showing three 
sets of (001)B19’ compound twin and 1/3 110*B2 type reflections derived from precipitate (P). 
The X-ray diffraction results are shown in Figure 3.25 where the Z direction represents the 
loading axis of the specimen. The results show a preferential texture with a higher volume fraction 
of grains in <011> direction. The local transformation strain measured through experiment (~6% 
considering the uncertainty of the strain measurements) is in a good agreement with theoretical 
calculation of transformation strain for the <011> pole, which is 6.8%. To further verify our result, 
an example of EBSD measurements and the local deformation is shown in Figure 3.26.  The strain 
fields obtained with DIC were successively overlapped and a direct correlation between 
transformation strains and grain orientation was then obtained for the polycrystalline specimens. 
The largest strains were measured for those grain orientations predominantly oriented along the 
<011> direction in compression and the grains near the <001> pole exhibit small strain values in 
this case.   
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Figure 3.25 The measured polycrystalline texture in NiTi12.5Hf. The measured texture favors 
<011>  aligned grains in the loading direction (Z axis). 
 
Figure 3.26 EBSD and experimental strain map obtained with high-resolution digital image 
correlation strain measurements under compression. The strain measurements show that the grains 
which undergo the largest strains are those orientated close to the [011] orientation. The 
orientations close to [111] also undergo high strains which are comparable to the [001] oriented 
grains.  
3.4.2 High Hf alloys 
 
Figure 3.27 shows typical selected area electron diffraction pattern (SAEDP) taken from 
NiTi-25Hf aged at 500 °C for 4 hours along [110]B19’, which corresponds to <111>B2. There are 9 
sets of reflections, i.e. 3 (001)B19’  compound twin related martensites and 3 precipitate variants. 
They can be consistently indexed by lattice parameters of monoclinic martensite: a = 0.309, b = 
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0.421, c = 0.478 nm and β = 105.9°, and orthorhombic precipitate (H-phase): a = 1.264, b = 0.882 
and c = 2.608 nm, respectively.  
 Morphological and crystallographic aspects of martensitic and precipitate phases are 
presented in Figure 3.28. Figure 3.28 (a) and (b) show the bright field (BF) image and 
corresponding SAEDP, respectively. The details of SAEDP have been discussed in  
Figure 3.27. There are fine striations less than 5 nm and particles about 10 nm in diameter with 
dark contrast in (a). The striations are clearly visualized in each of dark field images in Figure 3.28 
(c-e) taken by using DF1-3 reflections in (b), respectively.  The SAEDP and dark field (DF) images 
suggest that there are 3 habit plane variants M1-M3 consisting of (001)B19’ compound twins in the 
observed area. The twinning mode of the martensite is again discussed later. The interface between 
habit plane variants is very complicated in comparison to that in the solution treated NiTi binary 
system [59]. The similar martensite morphology has been observed in aged Ni-rich NiTi binary 
alloy including fine Ni4Ti3 precipitates [60]. The size of precipitate, i.e. H-phase, is about 10 nm 
as mentioned above. It is noteworthy from the DF image in Figure 3.28(f) that the H-phase in NiTi-
25Hf has block shape rather than lenticular one in low Hf content alloys [28,39].  
 
Figure 3.27 Typical SAEDP taken from NiTi-25Hf aged at 500 °C for 4 hours along [110]B19’. The 
lattice constants obtained match the DFT calculations. a = 0.309, b = 0.421, c = 0.478 nm and β = 
105.9°.  
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Figure 3.29 shows SAEDP taken from NiTi-25Hf aged at 500 °C for 4 hours along [100]B19’, 
which is parallel to <100>B2. The pattern consists of 8 sets of reflections, i.e. 2 (011)B19’-Type I 
twin related martensites and 4 precipitate variants. They can be also consistently indexed by lattice 
parameters of monoclinic martensite and orthorhombic precipitate, respectively.  
Figure 3.30 (a) and (b) show the bright field (BF) image and corresponding SAEDP, 
respectively. The details of SAEDP are discussed in Figure 10. There are alternated platelets about 
10 nm or less in width and particles about 10 nm in diameter with dark contrast in (a). The platelets 
are clearly visualized in each of dark field images in Figure 3.30 (c-e) taken by using DF1-3 
reflections in (b), respectively.  The SAEDP and dark field images suggest that there are 2 habit 
plane variants M1 and M2 consisting of (011)B19’ Type I twins in the observed area. DF image in 
Figure 3.30(f) is out of BF image where the Bragg condition is slightly not satisfied. However, 
precipitates are clearly visible. The shape and size of precipitate is similar to those in Figure 3.28, 
although the incident electron beam is different. This also suggests that the shape of precipitate is 
blocky rather than lenticular. From these observations, it is concluded that there are (001)B19’ 
compound twins  in (011)-Type I twin plates. The same situation has been observed in NiTi12.5Hf 
alloy [28].  We have further illustration of the presence (011)-Type I twin plates and (001)B19’ 
compound twins in the solutionized case in Figure 3.31 (a)-(d) because the calculations for the 
transformation strains assume solutionized conditions. Therefore, it is important to confirm there 
is no change between the aged and solutionized case in terms of the twin system. Figure 3.31 and 
Figure 3.32 show the existence of (011)-type I and (001)-compound twins, respectively. The 
corresponding electron diffraction patterns can be consistently indexed by lattice parameters of 
monoclinic martensite: a = 0.309, b = 0.421, c = 0.478 nm and β = 105.9°. 
50 
 
 
Figure 3.28. (a) BF image and (b) corresponding SAEDP taken from NiTi-25Hf aged at 500 °C 
for 4 hours. (c-f) DF images taken by using DF1-4 reflections, respectively. 
 
Figure 3.29 SAEDP taken from NiTi-25Hf aged at 500°C for 4 hours along [100]B19’. 
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Figure 3.30 (a) BF image and (b) corresponding SAEDP taken from NiTi-25Hf aged at 500 °C for 
4 hours. (c-f) DF images taken by using DF1-4 reflections, respectively. 
 
Figure 3.31 (a) The TEM image and (b) the corresponding SAEDP taken form a solutionized 
specimen showing the activation of the (011)-Type I twin plates. 
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Figure 3.32 (a) The TEM Image displaying the (011)-Type I twin plates, and (b) the presence of 
compound (001) twins within the (011)-Type I twin plates, and (c) corresponding SAEDP pattern. 
3.4.3 Theoretical transformation strain 
As stated earlier, the NiTiHf alloys attain higher transformation strains based on theoretical 
calculations compared to the binary NiTi case. The correspondence variant pair (CVP) formation 
strain for (011) Type I twinning and the lattice deformation (LTD) strains were established using 
similar procedures as outlined in [21]. Figure 3.33 provides the transformation strains for CVP 
and LDT respectively for NiTi-12.5Hf. The results show maximum transformation strains (LDT) 
of -7% near <011> pole in compression and 14.2% near <111> pole in tension. In the case of NiTi-
25Hf, the LDT strain is -9% in compression and 20% in tension, which are exceptionally high. 
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Figure 3.33 (011)-Type I CVP strain contours for single crystal NiTi-12.5Hf (cubic to monoclinic) 
for (a) compression and (b) tension. The LDT strain contours of NiTi-12.5Hf single crystals (cubic 
to monoclinic) for (a) compression and (b) tension. Note that the LDT strain is higher than the 
CVP strain especially in the tensile case. 
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Figure 3.34 (011)-Type I CVP strain contours for single crystal NiTi-25Hf (cubic to monoclinic) 
for (a) compression and (b) tension. The LDT strain contours of NiTi-25Hf single crystals (cubic 
to monoclinic) for (a) compression and (b) tension 
A summary of transformation strains in both literature and the current work is illustrated 
in Figure 3.35 and Figure 3.36 for <011> compression and <111> tension respectively, where the 
transformation strains are shown as a function of increasing Hf content. The corresponding 
chemical compositions and principal investigators are included in Table 3.1. The designations OK, 
HS, DH, HK, OB, AS refer to Otsuka, Sehitoglu, Hodgson, Karaca, Benafan and Stebner’s work 
respectively. The results of <011> compression and <111> tension are computed because those 
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are the poles that produce higher strains compared to others. In Figure 3.35 and Figure 3.36, the 
lattice constants (cubic austenite and monoclinic martensite crystals) are either obtained from X-
ray diffraction in previous studies or from density functional theory [18-21, 47, 54]. We note that 
the 12.5 at.% Hf represents a median strain in the range of alloys in Figure 3.35 and Figure 3.36. 
Three transformation strains, CVP strain and CVP + detwin strain, lattice deformation theory 
strains, have been computed. A summary of these results are included in the Appendix. The results 
shown in Figure 3.35 and Figure 3.36 represent the strains calculated from the lattice deformation 
theory. The differences between these three strain measures are very small in compression [21]. 
The lines in both Figures are drawn to aid the eye.  
Table 3.1 A summary of the chemical compositions of the alloys from literature and current work 
Material 
Chemical Composition  
(at.%) 
Principal Investigator 
NiTi Ni50Ti50 OK [61] 
NiTi-6.25Hf Ni50Ti43.75Hf6.25 HS [47] 
NiTi-12.5Hf Ni50Ti37.5Hf12.5 This study 
NiTi-13.3Hf Ni50.5Ti36.2Hf13.3 This study 
NiTi-15Hf Ni49.8Ti35.2Hf15 DH [62] 
NiTi-20Hf 
Ni50.3Ti29.7Hf20 HK [41]; AS [63]; OB [64] 
Ni49.8Ti30.2Hf20 DH [62] 
NiTi-25Hf 
Ni50Ti25Hf25 HS [47] 
Ni51.2Ti23.4Hf25.4 HS [65] 
Ni50.3Ti25Hf24.7 This study 
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Figure 3.35  The LDT strain for <011> single crystal under compression, the inset shows the 
monoclinic lattice for 25Hf composition. The lattice constants obtained from different 
investigators are marked with their initials.  
 
Figure 3.36 The LDT strain for [111] single crystal under tension. The inset shows the monoclinic 
lattice for 25Hf composition. The lattice constants obtained from different investigators are marked 
with their initials 
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3.5 Discussion of Results 
The work explored the underpinnings of NiTi-12.5Hf, NiTi-13.3Hf and NiTi-25Hf 
transformation strains with experiments and theory. Precise local measurements are needed during 
the experiments to gain a true measurement of the transformation strains. Because of large domains 
of untransformed material, the overall transformation strains could be lower than theory while the 
local levels are in a good agreement with theory. We show that the maximum local measured strain 
levels of the three materials exceed those in other NiTiHf studies. The results also point to the 
importance of characterization of the microstructure establishing the type of twinning of the 
martensite and the volume fraction of precipitates. This knowledge represents an important step to 
make comparisons between theory and experiment. Since the precipitates cannot transform, the 
measured strain levels can be lower than expected. However, theoretical values are still difficult 
to be matched as the DIC local strain measurements provided in this study are not able to reach 
the nano-scales. Such small scale would be required in order to avoid the effect of the non-
transforming precipitates.  
3.5.1 Polycrystalline 12.5 at% Hf alloys  
The shape memory and pseudoelasticity response of low Hf NiTiHf SMAs was chosen 
because it permitted studies of shape memory and pseudoelasticity without premature fracture. 
Hence the flow stress behaviors (Figure 3.8 and Figure 3.17) near the Md temperatures can be 
measured readily and compared to binary NiTi and other NiTiX alloys. As pointed earlier, the Hf 
provides a stronger strengthening element compared to Fe, Cu and Pd [47]. The flow stress levels 
in compression were near 1200 MPa for the NiTi-12.5Hf alloy and using a macroscopic strain of 
3.5% results in a high work output (near 50 J/cm3). Similarly, the new ternary NiTi-13.3Hf alloy 
has a transformation stress of 850 MPa at 50˚C and combined with a maximum transformation 
58 
 
strain in the order of 21.5% results in a work output of approximately 170 J/cm3. This is the highest 
measurement among the SMAs. While the NiTi alloys with high Ni contents [66] also exhibit high 
flow stresses, the transformation strains are less than 3.5% in those cases. 
During studies on shape memory alloys, it is important to seek treatments to achieve the 
optimum levels of transformation strains, transformation temperatures and temperature hysteresis. 
We note that transformation temperatures of this material were investigated with various aging 
treatments (637°C) ranging from 1 to 100 hours. We observe that the transformation temperatures 
rapidly increase with aging time from 1 hour to 10 hours, reaching saturation at longer aging times 
beyond 10 hours (see Figure 3.3(a) and (b) for details) with austenite peak temperatures near 
100°C.  
For the heat treatment at 637°C for 100hrs, the shape memory property was investigated 
during isobaric experiments at different stress levels. The material possessed small residual strain 
up to -500MPa. In Figure 3.6, the maximum strain was in the order of 7% locally and later fully 
recovered upon heating. This is comparable to the strain level predicted based on the lattice 
deformation theory utilizing the lattice constants of austenite and martensite phases. It was clear 
from the DIC results that the grains which yield the highest transformation strain do not extend to 
the entire specimen. The shape memory effect and pseudoelasticity were also investigated via 
isothermal compression tests at different temperatures as shown in Figure 3.7. Pseudoelasticity 
extended to 115°C in this class of alloys. As the temperature increases, excellent pseudoelastic 
behavior was found at 85˚C and 100˚C. The plastic irreversible strains developed beyond 115˚C. 
Similarly, further efforts are required to capture sub-grain deformation which would enable strain 
measurements at higher resolution and potentially match with theoretical transformation strains 
levels in other NiTiHf alloys.  
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As shown in Figure 3.12, the strain distribution is inhomogeneous with maximum localized 
strains exceeding 6%. Higher transformation strains are favored near the <011> pole with much 
lower strain near <001> with <111> being the intermediate (Figure 3.33). Measurements with X-
ray diffraction on our samples confirm the preference for grains in <011> direction. It is important 
to note that for the case of increasing hafnium the monoclinic angle increases (from 96.8° for NiTi 
to 98.9° for NiTi12.5Hf) which in turn increase the transformation strains. In general, the high 
compressive strain values relative to the binary NiTi could be an important advantage of the high 
Hf rich alloys in addition to the elevated temperature capability. We note, however, the results 
point to a large reduction in strains at the macroscale, i.e. polycrystalline experimental strains are 
near 3.5%. This is attributed to the presence of untransforming domains.  
Comparing NiTiHf alloys to other ternary shape memory alloys, the strengthening 
associated with Hf is significant. In fact, the flow stress rises with increasing Hf content and 
reaches a saturation at higher Hf contents [47] (see Figure 3.8). Therefore, the flow stress and 
transformation strain combination appear to be very attractive for lower Hf contents such as 12.5Hf 
though the choice of Hf could depend on the application. The predicted transformation strains for 
NiTiHf alloys are higher than NiTiCu [66] and NiTiFe alloys and also with higher temperature 
capability as discussed above.   
We provided a comparison of the transformation strain calculations for compression in 
Figure 3.35 for the <011> direction. The results show unequivocally the elevation of the 
transformation strains with increasing Hf content. Such an increase can be exploited to design 
potentially NiTiHf compositions with higher transformation strain levels by modifications in 
crystallographic texture and Hf contents. One of the issues is clearly the heterogeneity in the 
transformation at the macroscale which needs to be further explored in other Hf alloys.  
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3.5.2 Single crystalline 13.3 at% Hf alloys 
The single crystals were used to achieve larger transformation strain. We demonstrate that 
tensile transformation strain in smaller domains (0.3 to 1 mm3) and larger volumes (>1 mm3) can 
reach 21.5% and 12.5% respectively in NiTi-13.3Hf. Including elasticity, a local maximum strain 
near 23% was attained without fracture which is significantly higher than ductility of most SMAs.  
The higher transformation strain in NiTi-13.3Hf compared to NiTi is largely attributed to the 
increase in the monoclinic angle, from 96.7˚ to 99.9˚. Since the experimental strains exceed the 
calculated ones based on lattice constants (cubic to monoclinc transformation) and the monoclinic 
angle, we suggest possible contribution from mechanical twinning on the measured strains.  
As explained in previous chapters, the maximum reversible strain of 21.5% exceeds the 
theoretical transformation strain of 14.2% by a factor of 1.5. We offer a plausible explanation of 
strain measurements exceeding theory based on the activation of mechanical twinning.  The 
martensitic phase may undergo additional mechanical twinning that can also be partially or fully 
reversed and contributes to the strain reversibility. Although this is difficult to prove, such 
twinning can occur on the {100}<001> system as documented in our early work [52] and the 
corresponding magnitude of twin shear has been determined from the c/a ratio of the martensite 
(0.62). Such a large twinning shear, if accommodated elastically, can readily contribute to the 
additional reversible strains observed experimentally. A similar rationale has been proposed by 
one of the co-authors of this paper on martensite mechanical twinning in binary NiTi single crystal 
exhibiting high strains [67]. 
In addition, as noted in the stress-strain curves of Figure 3.16a, a negative slope in stress-
strain response during straining is evident upon nucleation of the martensite. Clearly, a higher 
stress is required to nucleate the martensite embryo, while a lower stress is needed to sustain its 
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migration in the case of NiTi-13.3Hf. This characteristic is reminiscent of transformation behavior 
observed in some NiTi binary alloys [68] and twinning in bcc metals [69]. In Figure 3.16b, the 
transformation area (red zone) in NiTi-13.3Hf is confined to a small volume. The consequence of 
the localization is a significant difference in measured strains at macroscale and microscale. 
Further aging treatments to create coherent precipitates may alter this localization behavior and 
reduce the micro - macro difference. 
3.5.3 Single crystalline 24.7 at% Hf alloys 
The use of high Hf content in this project is to study the functional fatigue response of this 
class of materials at high temperatures. The increase Hf content to 25 at.% have been proven to 
elevate the transformation temperatures effectively. The cyclic stability of the isobaric shape 
memory behavior under temperature cycling was investigated. With detailed DIC, we note the 
presence of large elastic domains that do not participate in transformation. This behavior is also 
observed in the high Ni (51.5%Ni) NiTi alloys [70] where the transformation front does not sweep 
through the entire specimen and the volume fraction of martensite remains below 1.0. The 
consequence of such response is that although large strains were measured (>10%) in NiTi-25Hf, 
the theoretical strains (18%) are not attained.  
 In NiTi [71, 72] and CuZnAl [73], it has been demonstrated that mechanical cycling 
decreases the magnitude of recoverable transformation strains. The changes occur rapidly often 
within the first few cycles. Under thermal cycling of NiTiHf, the degradation of shape memory 
properties has also been observed [36] in past studies. More pronounced degradation under fatigue 
[51] has been observed at high temperatures. For NiTi8Hf, to improve reversibility severe 
deformation and grain refinement was considered to increase the slip resistance [74]. In this study, 
we make the important observation that transformation strains do not degrade with cycling in 
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NiTi25Hf, a highly slip resistant alloy. The transformation temperatures remain stable, and no 
permanent strain is detected. All these findings point to the favorable characteristics of NiTi25Hf 
alloys.  
 Our experiments show that the thermal hysteresis is in the vicinity of 60°C in tension at 
250MPa while this level increases to 80°C at 400 MPa in compression. This magnitude of change 
recognizes that certain level of slip activity must be present; however, we note that a stress level of 
400 MPa for thermal cycling is extremely high and exceeds other NiTi alloys. For small increments 
in stress (such as 50 MPa), the thermal hysteresis change is rather small. Large changes in hysteresis 
upon cycling are known to be a limiting factor in the utilization of SMAs in applications.  
 The predicted strains (Figure 3.34c and d) to form a single variant of martensite (LDT 
strain) were as high as 19% for <111> in tension and 9.5% for <011> in compression.  On the 
other hand, the predicted CVP formation strains (Figure 3.34a and b) are 13.4% for <111> tension 
and 9% for <011> compression. Therefore, in compression, the close levels of CVP and LDT 
strains near the <011> pole and lower experimental strains (5.4%) compared to theory implies 
minimal detwinning strains. In <111> tension, although the LDT strain is much higher than the 
CVP strain estimate, the experimental measurement of 8.1% falls far short of the latter, which also 
implies that the detwinning of martensite may not have occurred. Similar conclusions were drawn 
in early studies on NiTi [49] and NiTiCu [75] that documented lower experimental strain levels 
compared to CVP+ detwinning strains predictions. This is an area that requires further study.  
 The results shown in Figure 3.20 and Figure 3.21 point to SMA materials that must minimize 
dissipation due to frictional resistance and elastic strain energy relaxation. If the microstructure can 
consist of self-accommodated, twinned, partially de-twinned, fully detwinned, martensite with 
coherent interfaces in addition to high strength precipitates without the propensity of slip evolution, 
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this will minimize the irreversible processes. The ‘idealized’ response of NiTi25Hf in this study 
strongly suggests that irreversible effects in this alloy are curtailed compared to other SMAs.  
3.5.4 The Heterogeneity of Phase Transformation 
According to the DIC strain contours presented in Figure 3.16, Figure 3.18, Figure 3.20 
and Figure 3.21, we note that some domain on the sample remain elastic, which also indicates that 
the transformation behavior of NiTiHf is very heterogeneous even in single crystal form. The stress 
relaxation observed in Figure 3.16 implies that the local driving force is insufficient to push the 
transformation front across the entire sample. This is an important question which also goes to the 
heart of ongoing SMA research. We provide the following plausible explanations. Firstly, the 
presence of coherent nanoprecipitates is expected to lower the transformation stress and result in 
multiple nucleation sites, which can make the phase transformation more homogeneous. In Figure 
3.37, a preliminary evidence for the effect of precipitates on the local strain distribution is given 
by comparing the strain contours of 500 ˚C aged specimen with 600 ˚C aged specimen during 
isobaric temperature cycling experiments. The aging conditions undertaken were studied in the  
polycrystalline work in Section 3.3.1 [76] and  those reported in the literature that are believed to 
generate coherent and incoherent precipitates [77]. As illustrated in Figure 3.37, the elastic 
domains shown in the DIC strain contours are substantially reduced upon lower temperature aging. 
The DIC results also indicate that multiple transformation variants are activated in the 500C aged 
case compared to 600 ˚C case. The former presents a more homogeneous phase transformation 
and leads to a much smaller difference between the overall and local strain as shown below. This 
type of observations is closest to explaining the heterogeneity of the transformation. Secondly, a 
variation in local chemical composition, that is difficult to eliminate with subsequent heat 
treatments, has been reported in NiTi in early studies. We have observed Hf rich particles in the 
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microstructure [76] that results in compositional gradients. The existence of similar particles has 
also been confirmed in the as grown single crystal of Ni50.3Ti29.7Hf20 (at.%) [63]. Consequently, 
we expect this compositional heterogeneity to contribute to strain variations at the mesoscale.  
 
Figure 3.37 A comparison of the strain contours between proper aged and overaged specimen at 
the maximum strain level during isobaric temperature cycling is illustrated. In the proper aged case, 
the specimen was solution treated at 900˚C for an hour and quenched in water. Then, the specimen 
was aged at 500˚C for 4 hours. In the overaged case, the specimen was aged at 600˚C for 4 hours 
after the same solution treatment. The dashed line represents the local strain and temperature 
behavior extracted from the rectangular box. The white dotted lines indicate the possible 
transformation variants that are activated. 
3.5.5 Comparison between theory and experiment 
The polycrystalline and single crystal transformation strains for NiTi-13.3Hf and NiTi-
25Hf alloys are shown in Figure 3.38 and Figure 3.39. We focused on the grain orientations near 
[011] and [111] poles which exhibit the highest shape memory functionality for compression and 
tension, respectively. The grains near the [001] pole exhibit small strain values in both cases.   
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Figure 3.38 Maximum transformation strain for NiTi13Hf single crystals and polycrystalline alloy. 
The compressive results have been presented for polycrystalline and single crystalline oriented 
along [111] direction. The tensile results have been shown for [111] single crystals as well. The 
test results were obtained at a range of temperatures. 
 
 
Figure 3.39 Maximum transformation strain for the NiTi25Hf polycrystalline alloy and several 
single crystals. The compression results are shown for Ni51.2Ti23.4Hf25.4 alloys. The tensile results 
of Ni50.3Ti25Hf24.7 single crystals oriented in [111] direction are presented. Among the tensile 
database, the results of the aged cases are illustrated as triangles. The test results were obtained at 
a range of temperatures 
66 
 
Another thing to note is that even though the local strain value is close to the theoretical 
predication, the difference is still evident even in the form of single crystals. To rationalize this 
observation, we can revisit the precipitate in terms of its volume fraction. The SEM micrograph 
showing precipitates on the sample surface and its reconstruction in 3D are shown in Figure 3.4 
and Figure 3.5 in Section 3.3.1. The volume fraction of precipitates is approximately 20%, which 
also means 20% of the material won’t transform. The partial phase transformation can inevitably 
affect the strain level. Secondly, during the deformation of the <001> orientated single crystal. 
The activation of two habit plane variants can be observed in Figure 3.40. This was later confirmed 
by the TEM analysis as well as we show in Figure 3.24. Similar phenomenon is expected to take 
place in the polycrystalline material as well. The interaction of multiple variants is not considered 
by the lattice deformation theory, which means that the theoretical values can only serve as the 
upper bound for the transformation strain prediction. 
 
Figure 3.40 High resolution DIC experiment on <001> NiTi-13.3Hf alloys to show the activation 
of two distinctive martensite variants. 
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3.6 Conclusion 
The work supports the following: 
1. The results show the considerable promise of the NiTiHf alloys. The results point to 
transformation strains as high as 12% for the NiTi13Hf which can be suited for applications 
requiring ultra-high strains. Austenite finish temperatures exceeding 420°C were measured for 
the 25Hf composition with transformation strain levels near 10% in tension. The functionality 
at such high temperatures opens new technological possibilities.  
2. The level of theoretical transformation strains based on the cubic to monoclinic model are in 
general agreement with experimental results on NiTiHf alloys with increasing Hf content. The 
experimental results show transformation strains were found to be highest in [111] tension for 
NiTi-13.3Hf and NiTi-25Hf alloys, respectively. Therefore, suitable texturing treatments can 
produce very favorable alloys in tension. The habit plane orientation is in perfect agreement 
obtained from DIC is in perfect agreement with the predicted habit plane variant from theory 
providing independent support on the calculations of lattice constants and the 
phenomenological theory.   
3. The theoretical transformation strains shift to higher levels as Hf content increases. This is 
ultimately related to the changes in the lattice constants (most prominently the monoclinic 
angle approaching 105.4°) induced by the increase of Hf content. The polycrystalline alloy 
transformation strains were also predicted using the EBSD/Xray diffraction results and a 
micromechanical analysis. The polycrystal compression specimens have preferred <011> 
texture and showed experimental (and theoretical) levels comparable to <011> single crystals 
tested in compression. The transformation strains levels in compression are higher than 6% 
which exceeds binary NiTi alloys. 
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4. Based on the theoretical results, the detwinning strain is much more significant for deformation 
under tension than under compression. Theoretical transformation strains for detwinned 
martensite and lattice deformation theory are in general agreement. Because of the high slip 
resistance of NiTiHf alloys, the transformation can proceed even at high stresses without the 
propensity of gross slip.  
5. The lattice constants measured with selected area diffraction using TEM and the DFT results 
are in excellent agreement and point to large monoclinic angles which result in large 
transformation strains. The TEM results confirm the presence of Type I transformation twins 
and (001) compound twinning.  The twin types are the same in aged and solutionized crystals. 
The results point to blocky precipitates as opposed to lenticular ones rich in Ni and Hf.  
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Chapter 4 Elastocaloric Effect of Shape Memory Alloys 
4.1 Background and Motivation 
As aforementioned in Chapter 1.1, the martensitic transformation is a first-order solid-to-
solid diffusionless structural transformation. During a superelastic deformation, when a SMA in 
the austensitic phase is uniaxially stressed, the exothermic austenite to martensite phase 
transformation will occur, which causes the material to heat up substantially if this happens fast 
enough. Then, the heated material rejects heat to the surrounding and cools down to ambient 
temperature. When the stress is removed, the martensitic structure will transform back to austenite. 
Under adiabatic conditions, the material cools down considerably and, afterwards, absorbs heat 
from the surrounding. This process has been schematically illustrated in Figure 4.1. In general, the 
elastocaloric cooling (EC) effect originates from the entropy change associated with the 
martensitic phase transformation and can be characterized by the adiabatic temperature change 
(∆Tad). During this process, the ∆Tad can be profound (25°C in NiTi [78-80]) far exceeding those 
achieved with magnetocaloric rare earth materials. However, the effects of long-term cycling, the 
role of deformation temperatures, and the adverse effects of strain localization on the EC properties 
are still not well understood. The current study represents an extensive treatise on the EC response 
for multiple SMAs, including NiTi, NiTiCu, Ni2FeGa, CuZnAl, and NiTiHf single crystals. The 
EC studies so far have been undertaken on CuZnAl [81], NiTi [79, 82], and NiTi-based SMAs [78, 
82, 83]. We extend the understanding on other SMAs and explore potential operation capabilities 
at multiple temperatures. Most studies [84] have explored the topic mainly at room temperature 
and over finite number (i.e. < 100 cycles) of load-unload cycles under tension. Comprehensive 
experimental efforts encompassing multiples cycles (exceeding 104 cycles), different temperature 
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levels, and load states (tension and compression) for multiple SMAs have not been undertaken in 
a single study. This study aims to fulfill this need.  
 
Figure 4.1. A schematic presentation of EC cooling cycle of SMAs. T is the ambient temperature, 
ΔTad is the adiabatic temperature change, and Δσ is the stress hysteresis 
4.1.1 A Literature Review on the EC effect of shape memory alloys  
The foregoing studies on the EC effect of SMAs have been summarized in Table 4.1. The 
experimentally measured temperature change (ΔT), the adiabatic temperature change (∆Tth) 
estimated from the entropy change (∆S) associated with the first order phase transformation, 
ambient temperature (T), and number of cycles have been tabulated in Table 4.1 as well. The 
correlation between ∆S and ∆Tth can be expressed as th
p
T S
T
C

 = −  [84, 85] where Cp is the heat 
capacity. In Figure 4.2, the ∆Tth levels are summarized as a function of ∆S for a wide range of 
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SMAs. Among all, the NiTi-based SMAs have the largest ∆S, hence the highest ∆Tth. The Fe based 
SMAs have the lowest ∆S, hence the lowest ∆Tth. 
Table 4.1. A summary of previous elastocaloric research 
Material T ΔT ΔTth ΔS Cycle Reference 
at.% ˚C ˚C ˚C J/Kg K   
Ni45Ti47.25Cu5V2.75 25 16 20 40 100 [78] 
Ni50Ti50 (wire) 25 16 22 40 1 [79] 
Ni50.8Ti49.2 (SC) 25 15 20 50 2 [86] 
Ni50Ti50 (film) 25 16 48 77 1 [87] 
Ni24.5Ti58Cu14.7Co2.3 25 12 20 30 20 [82] 
Ni50Fe19Ga27Co4 25 - 180 9 10 11 3000 [88] 
Cu68Zn16Al16 -70 - 80 6 8 21 16 [13] 
Ni32.5Ti54.9Cu12.6 75 6 20 52 100 [83] 
Fe68.8Pd31.2 50 1 3 1 1 [89] 
Co40Ni33.17Al26.83 100 3 26 44 2 [86] 
Ni45Mn36.4In13.6Co5 25 4 10 18 1 [90] 
Ni45.4Mn34.8In16.8 25 4 30 40 1 [91] 
Ni45Mn44Sn11 25 6 15 32 1 [92] 
          ΔT represents the maximum temperature change measured from experiment 
          ΔTth represents the temperature change predicted from the entropy change 
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Figure 4.2. The adiabatic temperature change versus the entropy change associated with austenite 
to martensite transformation. SC denotes single crystal. The materials undertaken in the current 
study have been highlighted. 
Although it has been well established that the EC effect is manifested through the entropy 
change under adiabatic conditions [93], two other considerations are equally noteworthy. These 
are whether the SE response and EC effect, which are intrinsically linked, are stable under multi-
cycles [81] and whether such an effect can be realized over a range of deformation temperatures 
(the span of EC window). To exemplify, let us consider the NiTi binary alloy that is regarded as 
one of the most promising materials for EC application. It has been found that the giant caloric 
effect of NiTi can elicit a temperature change near 25˚C due to very large entropy change of 50 
J/kg K [86]. However, the functional degradation of SE, hence EC effect, over multi-cycles can be 
substantial in this class of material [82, 83, 94]. To be more specific, the temperature change 
decreases by approximately 40% after the first 100 cycles [83]. Another concern with NiTi is that 
the SE temperature window is less than 50°C [95], which corresponds to a narrow EC span. 
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Understanding the effect of deformation temperature on EC response is imperative for applications 
where giant cooling capabilities at elevated temperatures are desired. Therefore, the SMAs that 
exhibit high entropy changes, good functionality under multi-cycles (i.e. small dissipation and 
repeatability of transformation response), and a wide deformation temperature window for SE 
constitute superior potential for the EC performance. However, according to Table 4.1, most 
studies explored the cooling capabilities of SMAs mainly at room temperature and within finite 
number of cycles. The effects of deformation temperatures and multiple cycles of loading and 
unloading remain elusive for a wide range of SMAs. The current study aims to expound on this 
issue. 
The existence of hysteresis is intrinsic to first-order phase transformation and is also 
unavoidable and detrimental to the EC performance of SMAs. The hysteresis originates from the 
energy dissipation in the form of frictional work and plastic accommodation [96]. The former is 
spent overcoming the resistance to interfacial motion between parent and product phase and the 
latter occurs when the coherency strains of martensite-austenite interface relax. It is evident that 
smaller hysteresis corresponds to less energy dissipation, which is also undoubtedly beneficial for 
optimizing EC properties of SMAs. In the case of NiTi, the hysteresis can either expand or shrink 
when the sample is deformed at elevated temperatures depending on Ni content [96, 97]. Therefore, 
it is anticipated that such hysteresis change may affect its cooling capacity. However, the 
experimental evidence regarding the connection between hysteresis and EC properties is still 
lacking. At present, a recent study [98] on NiTi wire associated with the B2↔R and B2↔B19’ 
transitions has pointed out that the reduced hysteresis is expected to optimize the EC response. 
Nonetheless, a systematic study on the correlation between the stress hysteresis variation with the 
74 
 
deformation temperature and the corresponding EC effect is not sufficiently available in the 
literature. In this chapter, we will provide elucidation on this issue. 
Another consideration in the EC properties of SMAs is the role of strain localization. Its 
adverse effect in fatigue and fracture has been well known [99]. In SMAs, the strain localization 
can be an outcome of inhomogeneous phase transformation [65, 100-102]. The large strain 
accumulated at local regimes where transformation zone is confined may induce slip-mediated 
plastic deformation [102]. This can impose serious limitations to the recoverability of SMAs and 
therefore diminishing the efficacy of their EC performance. The origin of such strain heterogeneity 
is partly attributed to the difficulty of migration of interfaces where the energy barriers governing 
migration can differ from nucleation [90, 99]. The heterogeneous nature of phase transformation 
in SMAs can produce a non-uniform temperature distribution across the material, which may 
compromise their cooling efficiency. The characterization of EC effect with respect to the strain 
distribution is still an ongoing research effort. The non-uniform temperature profiles were first 
reported in the CuZnAl single crystalline [103] and NiTi wire [80] using thermography. Both of 
these works pinpointed the role of localized nature of phase transformation. Recent works on NiTi 
[87] and NiTiCuCo [82] thin films have utilized the in-situ digital image correlation (DIC) in 
conjunction with infrared (IR) thermography to unveil the relationship between the spatial 
distributions of strain and temperature contours during deformation. They confirmed the 
inhomogeneous temperature field in correspondence to the heterogeneous strain distribution across 
the sample. In this paper, we reveal the correlation between strain heterogeneity and EC effect for 
five important SMAs using DIC and IR thermography. The former was also quantified via strain 
histograms based on the DIC strain measurement. Particularly in the case of NiTiHf13.3, we found 
that the effect of strain inhomogeneity on its EC performance is rather high.  
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Unlike most previous works, the present study utilizes single crystals to obtain results 
without the role of grain boundaries and for which transformation fronts are well defined to 
measure temperature and strain variations. We consider the EC effects in five contemporary SMAs 
at numerous temperatures and long-term load cycles under both tensile and compressive loading 
states. By studying compression in addition to tension, we would uncover the modified EC 
responses corresponding to different stress/strain levels, temperature regimes, and hysteresis. 
4.1.2 Achieving superior elastocaloric cooling capability in shape memory alloys 
As aforementioned, the desired properties of materials utilized for EC are threefold: (a) 
large entropy changes during the stress-induced phase transformation, (b) good functional fatigue 
response, and (c) a wide SE temperature span. The temperature change, ∆T, arising from the 
reversible transformation between crystal phases has a direct correlation to entropy change, ∆S. 
Thereby, ∆S is a vital parameter, which governs the maximum potential ∆T achievable. From this 
perspective, NiTi-based SMAs are the most favorable due to their high ∆S [86]. The corresponding 
adiabatic ∆T is also substantial - 14˚C for bulk material [86] and 17˚C for thin film [78]. In addition 
to NiTi-based alloys, a summary of ∆S was established for a broad range of SMAs in this work to 
gain an insight into their maximum cooling capabilities. 
Secondly, characterizing functional fatigue resistance is another important factor that can 
shed light into the EC performance of SMAs. Materials with better functional fatigue impedance 
are believed to demonstrate stable EC performance [93]. Thus, it is imperative to investigate the 
former first and attempt to establish such a correlation experimentally for a wide range of materials. 
Previously, such correlation has been constructed for NiTi over hundreds of cycles in tension [80, 
82, 83].  However, NiTi alloys can suffer from short fatigue lives at 4% of strain [94, 104] and 
their EC cooling capacity was found to degrade rapidly over successive cycles due to excessive 
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plasticity [82]. Compared to NiTi, CuZnAl and Ni2FeGa alloys have demonstrated longer fatigue 
lives exceeding 104 cycles at a 10% strain and better functional stability [105, 106]. Thereby, it is 
expected that the EC performance of CuZnAl and Ni2FeGa would be better. A preliminary study 
on polycrystalline CuZnAl has demonstrated promising reproducibility of temperature change 
over 16 cycles [81]. However, the variation of the cooling capability with successive loading 
cycles is still needed. Hence, a detailed study of their EC responses in excess of 104 cycles would 
provide further evidence regarding the effect of load cycles on EC performance. 
Thirdly, a large EC temperature window is another desired feature, as the solid refrigerant 
needs to accommodate different temperature conditions in practice. In the foregoing studies, the 
temperature spans associated with the EC effect of FeRh [107], CuZnAl [81], FePb [89], 
NiFeGaCo [88], and NiMnInCo [90] have been established. Among all, the polycrystalline 
CuZnAl showed the broadest temperature span of the order of 130˚C. In this study, we will 
construct the EC windows for five important SMAs with particular emphasis on Ni2FeGa alloys 
that have high temperature capabilities. 
Furthermore, the study of EC performance under compressive stress can open up new 
possibilities. It is known that the mechanical fatigue under compression is superior since the 
propagation of a crack can be retarded and therefore a prolonged life span is likely to occur [79]. 
Hence, studying EC effects under compression has conspicuous merits and high potentials. 
However, the majority of the available experimental undertakings has focused on the EC effects 
under tensile loading only [81, 82, 86, 87]. In this work, we invest considerable endeavors on the 
efficacy of the chosen SMAs under compression, because SE, hence EC behavior, is expected to 
be different compared to those in tension.  
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4.1.3 Materials 
The nominal composition, heat treatment, transformation temperatures, specific heat 
capacity, and change of crystallography for the five materials are included in Table 4.1. The 
transformation temperatures were measured using DSC and the specific heat capacities were 
determined using ASTM standard E1269 for each material. In the previous work by Pataky et al. 
[86], the efficacy of NiTi, Ni2FeGa and CoNiAl for two repeated cycles, with CoNiAl operating 
at 100˚C but with small temperature change, was demonstrated. In this study, we will expand our 
focus on five different SMA single crystals, namely CuZnAl, Ni2FeGa, NiTi, NiTiCu, and 
NiTiHf13.3. To be more specific, we select single crystal orientations that correspond to superior 
shape memory strains - [001] CuZnAl, [001] Ni2FeGa, [111] NiTiHf13.3, and [148] NiTi in tension, 
and [001] NiTiCu, [148] NiTi, [001] CuZnAl, and [001] Ni2FeGa in compression. For NiTi, the 
choice of [148] is to optimize the compressive response because the transformation strain is the 
highest near [148] pole in compression [21]. This orientation does not produce the most favorable 
response in tension. Since our aim is to utilize the same orientation in both tension and compression. 
The choice of [148] suits our goal in this sense. 
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Table 4.2. The nominal compositions, heat treatments, specific heat capacities, and phase 
transformations for the five materials are enclosed.  
Material 
Nominal 
Composition 
Heat 
Treatment 
Specific Heat 
Capacity 
Phase 
Transformation 
 at.%  J/kg K  
CuZnAl 
Cu59.1Zn27Al13.8 
with Zr0.1 
Homogenized @ 800˚C for 30min 
Aged @ 80˚C for 24hrs 
As = 4˚C, Af = 13˚C 
Ms = 1˚C, Mf = -12.5 ˚C 
 
420 
L21 to18R 
[108, 109] 
Ni2FeGa Ni54Fe19Ga24 
As-grown 
As = 14˚C, Af = 22˚C 
Ms = 6˚C, Mf = -3˚C 
 
460 
L21 to 10M to 14M 
to L10 at T = RT 
 
L21 to 14M to L10 
at T > RT 
[110] 
 
NiTiHf13.3 Ni50.5Ti36.2Hf13.3 
 
As-grown 
As = 15.2˚C, Af = 31.5˚C 
Ms = -32.7˚C, Mf = -65.4˚C 
 
570 B2 to B19’ 
[101] 
NiTiCu Ni40Ti50Cu10 
Solutionized @ 920˚C for 24hrs 
As = 0˚C, Af = 31˚C 
Ms = -11˚C, Mf = 21˚C 
 
560 
B2 to B19’  
[75] 
NiTi Ni50.8Ti49.2 
 
Solutionized @ 920˚C for 24hrs 
Aged @ 400˚C for 1.5hrs 
As = -15˚C, Af = 0˚C 
Ms = -55˚C, Mf = -75 ˚C 
 
590 
B2 to B19’ 
[111] 
Among all, NiTi, NiTiCu, and NiTiHf13.3 SMAs have substantial entropy changes during 
the reversible phase transformation with NiTiHf13.3 exceeding 50 J/kg K [65]. In addition, we 
chose NiTi with higher Ni concentration (50.8 at.%) as opposed to earlier literatures [79, 82, 83], 
because the Ni-rich material shows smaller changes in superelasticity upon cyclic deformation 
[94]. Compared to the NiTi-based SMAs, CuZnAl and Ni2FeGa have lower entropy changes [86]. 
However, they exhibit much lower hysteresis and good functional stability of SE under multi-
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cycles at a strain range of 10% [105, 106] so are expected to possess good EC properties. In 
addition, Ni2FeGa SMAs exhibit SE over a wide temperature window- from 10˚C to 340˚C [112]. 
Therefore, the Ni2FeGa alloys could be favored for EC cooling applications, especially at high 
temperatures, compared to other SMAs.  
4.2 Experimental Procedures 
This section intends to overview the sample preparation, experimental setup and testing 
procedure undertaken in this EC project.  
4.2.1 Sample Preparation 
The single crystals were grown using Bridgeman technique in an inert environment. The 
ingots of each material were then sectioned into multiple dog-bone tensile specimen with a 
dimension of 1.5mm x 3mm x 10mm in the gauge section using electrical discharge machine 
(EDM). The compression samples were sectioned with a dimension of 4mm x 4mm x 8mm. The 
transformation temperatures were measured via a Perkin Elmer Pyris 1 DSC machine with a scan 
rate of 40˚C/min. The DSC samples were cut using a low speed diamond saw and each sample has 
a weight between 40 mg to 70 mg.  
Prior to the deformation, the oxidation or surface damage originated from heat treatment 
and EDM slicing was grind off using abrasive paper up to 1800 grit. One side of the sample was 
painted flat black for infrared imaging. The other side was sandblasted with 1200 grit polishing 
powder ensued by airbrushing multiple layers of black paint. This speckle pattern was 
implemented for DIC strain measurement.  
4.2.2 Experimental Setup and Testing Procedure 
The uniaxial tensile experiments were performed on an Instron servo hydraulic load frame 
at different temperatures. The temperatures of the samples were adjusted by heating the grips with 
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variable heating tapes. The load frame was controlled by a customized LabView program with the 
ability to take images automatically. The images for DIC were taken by an IMI-202FT digital 
camera with a maximum frame rate of 15 fps and have uniform dimensions of 1600 pixels x 1200 
pixels. An area of 3 mm x 6 mm was captured by the DIC camera with a resolution of 4.25 µm/pix. 
The DIC strain field within this area of interest was determined using a commercial software VIC-
2D by correlating the deformed images with the reference image. On the other side of the sample 
where black paint was applied, a DeltaTherm 1550 infrared camera was setup for IR imaging. The 
maximum frame rate of this IR system is up to 1000 fps and the image captured has a dimension 
of 320 pixels x 256 pixels. The IR system was calibrated in a temperature range of 15˚C to 200˚C. 
The experimental setup is illustrated in Figure 4.3. 
 
Figure 4.3. The dual camera setup for measuring strain and temperature evolution of the specimen 
simultaneously. The MTS Loadframe has a maximum load capacity of 13 kN. The heat tape was 
used to heat the sample without interfering with the infrared system.  
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Specimens underwent double-damp loading. They were loaded at very a low strain rate of 
2x10-3 s-1 for CuZnAl and Ni2FeGa and 2x10
-4 s-1 for NiTi, NiTiHf13.3, and NiTiCu to prevent 
excessive self-heating due to the exothermic forward phase transformation. The unloading process 
was performed at a faster strain rate of 0.2 s-1 in order to approach adiabatic condition. With the 
dual camera system being set up, the entire loading and unloading process was recorded by both 
cameras. Therefore, the strain and temperature values at different load levels were obtained. 
Subsequently, the DIC strain contours were compared with the temperature gradient to gain an 
insight into the correlation between transformation and temperature changes. 
4.3 Experimental Results 
In this section, we first present the results of CuZnAl, Ni2FeGa, and NiTi from Sections 
4.3.1 to 4.3.3 followed by those of NiTiCu and NiTiHf in Section 4.3.4. The effect of the 
deformation temperature on their EC properties has been illustrated with respect to the maximum 
applied stress, strain, and entropy change in Section 4.3.5. The predictions of the temperature 
change for each material have been elaborated in Section 4.3.6.  
4.3.1 Superelasticity of CuZnAl, Ni2FeGa and NiTi single crystals in tension/compression 
The EC cooling effects of [001] CuZnAl, [001] Ni2FeGa, and [148] NiTi were studied 
during the reverse martensitic transformation within the superelastic temperature window. As 
shown in Table 4.1, the Af temperatures of all selected materials are closed to the room temperature 
(25˚C). Therefore, the lower temperature limit is selected at 25˚C for the uniaxial tensile and 
compressive tests. The upper temperature limit is selected at higher temperatures closed to Md, 
which is also the maximum temperature for inducing phase transformation. The tensile stress-
strain curves with a maximum strain of 10% at different temperature levels are presented in Figure 
4.4a and Figure 4.4b for CuZnAl and Ni2FeGa. As demonstrated in Figure 4.3b, in the case of 
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Ni2FeGa, the stress hysteresis first shrinks as the temperature increases from 25˚C to 130˚C and 
then expands from 130˚C to 190˚C. A significant increase of hysteresis at 85˚C is evident for 
CuZnAl. In Figure 4.4c, the stress-strain behaviors with a strain range of 4% are demonstrated 
from 30˚C to 75˚C for NiTi. A similar hysteresis shrinkage can also be observed in NiTi with 
increasing temperature. In general, the uniaxial tensile experiments of CuZnAl showed the lowest 
stress levels. It is also worthy of noting that all three materials exhibit a wide range of 
superelasticity with Ni2FeGa providing the broadest interval. 
In compression, we can observe a similar scenario for the evolution of stress hysteresis 
with increasing temperature as illustrated in Figure 4.5. When compared to the tensile results in 
Figure 4.4, the stress levels of the three materials are higher in compression. For example, in the 
case of Ni2FeGa, at the same deformation temperature of 140˚C, the transformation took place at 
225 MPa in tension, while at 425 MPa in compression. The strain range of CuZnAl and Ni2FeGa 
decreases from 10% to 8% and 5%, respectively. In addition, the superelastic behaviors of CuZnAl 
were found at temperatures from 25˚C to 160˚C under compressive stress, which is a significant 
increase when compared to the tensile results (25˚C to 95˚C). 
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Figure 4.4. The tensile stress-strain behaviors of a) [001] CuZnAl, b) [001] Ni2FeGa, and c) [148] 
NiTi at different temperatures. Note that all three materials show excellent superelastic 
deformations at a range of temperatures. 
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Figure 4.5. Stress-strain curves of a) [001] CuZnAl, b) [001] Ni2FeGa, and c) [148] NiTi at 
different temperatures in compression. Excellent superelastic behaviors were also found for the 
three materials. 
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4.3.2 The evolution of temperature with time 
The temperature evolution of the entire specimen was captured using an IR camera during 
a loading and unloading cycle at different temperatures. The temperature of the sample was 
recorded by averaging the entire gauge sections and the temperature change, ∆T, was measured 
from the beginning of the unloading process until the sample was completely unloaded. In order 
to ensure the temperature changes were accurate and reproducible, they were measured during two 
consecutive load cycles and the results of Ni2FeGa, CuZnAl, and NiTi are presented in Figure 4.6 
for both tension and compression tests. Once the results were checked for two cycles, then further 
cycling was resumed for thousands of cycles. The loading process was kept at a low strain rate of 
2x10-3 s-1 for CuZnAl and Ni2FeGa and 2x10
-4 s-1 for NiTi to minimize temperature rise, while a 
fast strain rate of 0.2 s-1 was applied during unloading in order to approach the adiabatic condition. 
A schematic of the entire experimental procedure is shown in Figure 4.5g. As shown in Figure 
4.6a to Figure 4.6f, the temperature profiles of the two consecutive load cycles were consistent 
and symmetric at different temperature levels for all three materials in both tension and 
compression. Especially for CuZnAl and Ni2FeGa, such consistency extended to higher 
temperatures of nearly 200˚C. The slight heating was evident for all three materials during the 
loading process due to the exothermic forward martensitic transformation. Among all, NiTi has 
the most increase in temperature, 5˚C.  
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Figure 4.6. Temperature drops of two consecutive load cycles at different operating temperatures 
are demonstrated for [148] NiTi, [001] CuZnAl, and [001] Ni2FeGa. The temperature profiles 
captured during tensile experiments (T) are shown in a), c), and e) for NiTi, CuZnAl, and Ni2FeGa, 
respectively. Those obtained from compressive experiments (C) are presented in b), d), and f). g) 
A schematic for showing the entire experimental procedures. 
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4.3.3 Evolution of phase transformation and corresponding temperature gradient with 
deformation 
As introduced in Section 4.3.2, a dual camera system was set up to monitor the evolutions 
of both strain field and temperature gradient at different stress levels simultaneously. The 
comparisons between the two, DIC strain field on the left and thermography on the right, are 
presented in Figure 4.7and Figure 4.8 for CuZnAl, Ni2FeGa, and NiTi at selected temperatures in 
tension and compression, respectively. In the case of CuZnAl, the strain localization was evident 
upon the initiation of phase transformation (Point A in Figure 4.7a). Meanwhile, a local 
temperature increment also took place at the same area where local strain accumulation was 
observed. With further deformation, both strain contour and temperature map became 
homogeneous at 10% strain with a temperature increase approximately 1.2˚C (Point C). At the 
beginning of unloading (Point D), reverse martensitic transformation occurred at both ends of the 
gauge section and propagated towards the center (Point F). An immediate temperature drop of 3˚C 
could be observed at the location where reverse phase transformation took place at Point D. 
However, a higher temperature drop of 5.2˚C along the transformation zone (grey dashed line) was 
also evident. The higher undercooling at the transformation zone boundary can be attributed to the 
localized endothermic response due to the inhomogeneous reverse phase transformation. When 
the sample was fully unloaded, ∆T was measured to be 7.02˚C. In the case of Ni2FeGa, the reverse 
phase transformation took place at only one end of the gauge section and expanded to the other 
end. During the load process, a slight temperature increase of 1˚C was detected. Upon the 
completion of unloading, ∆T was measured as 9.06˚C. In the case of NiTi, the temperature 
increased by 3.5˚C at the end of loading and decreased by 14.9˚C at the end of unloading. In 
compression, as shown in Figure 4.8, a similar scenario can also be appreciated for the three 
materials.  
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Figure 4.7. A comparison between selected DIC strain field (right) and thermography (left) at 
different load steps for a) [001] CuZnAl at 35˚C with a localized undercooling at the 
transformation edge indicated at Point D as grey dashed line, b) [001] Ni2FeGa at 40˚C with the 
localized undercooling at the transformation zone boundary at Point C as white dashed line, and 
c) [148] NiTi with the localized undercooling at the edge of the transformation zone at Point E as 
grey dashed line. 
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Figure 4.8. A comparison between selected DIC strain field (right) and thermography (left) at 
different load steps for a) [001] CuZnAl at 70˚C, b) [001] Ni2FeGa at 50˚C, and c) [148] NiTi at 
75˚C in compression. 
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4.3.4 NiTiHf13.3 and NiTiCu single crystals – ternary addition 
 
The additions of Hf and Cu have been considered to be the most important in NiTi-based 
SMAs. The stress-strain behaviors of [111] NiTiHf13.3 at various temperature levels have been 
demonstrated in Figure 4.9a. Superelasticity was found in a temperature range from 5˚C to 50˚C. 
In this study, the EC effect of [111] NiTiHf13.3 was measured at 45˚C. In Figure 4.8b, DIC strain 
contours and the corresponding temperature gradients of [111] NiTiHf13.3 single crystal are shown 
at selected load levels. The black line was determined by averaging the axial strain fields over the 
entire DIC region (6mm x 3mm), while the blue line represented the local fields extracted from a 
smaller area (1mm x 3mm). As shown in Figure 4.9b, the transformation strain of the order of 9.8% 
could be measured. However, the remnant strain in the order of 1.8% was irrecoverable even after 
heating the sample above austenite finish temperature, Af, confirming that irreversibilities 
prevailed. Due to the heterogeneous nature of the strain distribution, only a small fraction of 
material in NiTiHf13.3 underwent the austenite to martensite transformation. Therefore, local 
temperature changes in the area where large strains accumulated were expected. An obvious local 
temperature increment was evident upon the initiation of phase transformation at Point A. At Point 
B, with further deformation, the region of local temperature increment expanded further, but the 
overall temperature map remained heterogeneous. At the maximum strain of 13% (Point C), a 
slight local temperature decrease was observed. At the completion of unloading, a local 
temperature drop was evident at Point E. Overall, the temperature of the sample first increased 
from 45˚C to 50˚C and then slightly decreased to 47˚C locally during martensitic transformation. 
Local ∆T was measured to be 6.95˚C when the external load was removed adiabatically. Compared 
to NiTiHf13.3, the transformation response of NiTiCu has been significantly improved as shown in 
Figure 4.10. However, the heterogeneous nature of the transformation process is still evident. The 
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lack of reversible strains in both NiTiHf and NiTiCu also suggests their low fatigue tolerance, as 
such irreversibility would tend to accumulate over cycles and, therefore, deteriorate the cooling 
capacity of the material. One possible reason for the localization is the much larger migration stress 
relative to nucleation stress. This phenomenon can be controlled by suitable heat treatments, but 
this is outside our scope at this time.  
  
 
Figure 4.9. a) The stress-strain behavior of [111] NiTiHf13.3 at selected temperatures. The solid 
black line indicates the overall stress-strain behavior, while the blue dashed line represents the 
local behavior extracted from the rectangular region on the DIC strain contour shown in part b). b) 
The comparisons between DIC strain field and thermography at selected load steps are 
demonstrated for NiTiHf13.3 at 45˚C. 
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Figure 4.10. a) The stress-strain behavior of [001] NiTiCu at selected temperatures. The solid 
black line indicates the overall stress-strain behavior, while the blue dashed line represents the 
local behavior extracted from the rectangular region on the DIC strain contour shown in part b). 
b) The comparisons between DIC strain fields and thermographies at selected load steps are 
demonstrated for NiTiCu at 55˚C. 
4.3.5 The effect of functional fatigue resistance on EC properties 
In order to make the solid refrigerant a practical alternative to the traditional cooling 
solution, the good functional fatigue behavior of SMAs is the basis. The tensile fatigue response 
and the fatigue life, Nf, are shown in Figure 4.11 for CuZnAl, Ni2FeGa, and NiTi at chosen 
temperatures. The sample that didn’t fail is indicated as Nf = Runout. A relatively short fatigue 
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life, Nf = 165, was found for NiTi when a 4% strain range was applied (Figure 4.11c). This result 
is also in an agreement with our previous study on NiTi [104]. All three materials exhibited 
consistent mechanical behaviors up to 100 cycles with small variations in the hysteresis and stress 
levels. In particular, Ni2FeGa has the most stable fatigue response among all with only a small 
decrease in the transformation stress at 10000th cycle.  
 
Figure 4.11. The tensile functional fatigue responses of a) [001] CuZnAl, b) [001] Ni2FeGa at a 
strain rate of 2 x 10-3 s-1 with a strain range of 10%, and c) NiTi at a strain rate of 2 x 10-4 s-1 with 
a strain range of 4%. 
We also notice that studying the fatigue response of SMAs in compression has merits, as 
the materials will not fracture easily under compressive loading. Therefore, the mechanical 
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behaviors upon cyclic deformation were investigated on NiTi, Ni2FeGa, CuZnAl, and NiTiCu in 
compression and results were presented in Figure 4.12. Remarkably, both NiTi and Ni2FeGa 
exhibited superior stability to the others even after 104 load cycles. Among all, NiTiCu has the 
most degradation in the stress-strain behavior under cyclic loading.  
 
Figure 4.12. The compressive functional fatigue responses of a) [001] CuZnAl, b) [001] Ni2FeGa 
at a strain rate of 2 x 10-3 s-1 with a strain range of 6%, c) NiTi at a strain rate of 2 x 10-4 s-1 with 
a strain range of 4%, and d) NiTiCu at a strain rate of 2 x 10-3 s-1 with a strain range of 2% 
Since the EC effect has a strong correlation to the mechanical response, the material that 
presents superior stability in the latter over multi-cycles is also expected to show the same in the 
former. The degradations of the EC effects in terms of the change in ∆T were demonstrated in 
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Figure 4.13 for the selected materials in both tension and compression. On one hand, both Ni2FeGa 
and NiTi showed consistent ∆T upon cycling in compression, while the former also possessed the 
similar consistency in tension. One possible reason is that the slip resistance for Ni2FeGa is rather 
high compared to its transformation stress precluding irreversibility effects [47, 113].  Furthermore, 
CuZnAl and NiTiCu exhibited inferior fatigue endurance as shown in Figure 4.11and Figure 4.12. 
 
Figure 4.13. The EC fatigue of the materials when deformed in a) tension and b) compression. 
4.3.6. Temperature dependence of EC effect with respect to strain, stress and entropy levels 
The effect of deformation temperature on the EC effect is illustrated in Figure 4.14. Such 
correlation is established in Figure 4.15a with respect to the maximum applied strain for each 
material, respectively. Overall, the maximum ∆T were measured to be 14˚C for CuZnAl, 13.5˚C 
for Ni2FeGa, 18.2˚C for NiTi, 15.2˚C for NiTiCu, and 6.95˚C for NiTiHf13.3. Among all, Ni2FeGa 
exhibits the largest temperature span of 165˚C in both loading senses extending the EC effect to 
high temperature regime, but the higher cooling effect can be achieved under compressive load. 
The CuZnAl has the largest tension and compression asymmetry particularly in terms of the 
temperature span. We can observe a much wider EC window that is comparable to Ni2FeGa in 
compression for CuZnAl. Furthermore, a similar EC effect can be found for NiTi regardless of the 
stress state. In Figure 4.15b, the EC performances of the materials in this study are illustrated with 
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respect to their entropy changes. The entropy changes for each material were calculated from both 
the Clausius-Clapeyron slopes, ∆SCC, and enthalpy change per unit volume measured from DSC, 
∆SDSC. In general, we have observed that the material that exhibit higher entropy change will tend 
to have higher EC cooling capacity as well. However, as we discern later, there are other 
considerations that play a significant role. In Figure 4.15c, the temperature dependence of EC 
properties has been showcased in terms of applied stress levels. This figure outlines the importance 
of the operational stress. For example, it is evident that the applied stress of CuZnAl is much 
smaller than that of NiTi, which can facilitate different applications. From Figure 4.14, it is evident 
that the ∆T increases initially and decreases with further temperature increase. The underlying 
mechanism can be related to the variation of hysteresis with accruing deformation temperature, 
which will be elaborated in the discussion section.  
 
Figure 4.14. a) The measured temperature change as a function of test temperatures in tension. b) 
The measured temperature change as a function of test temperatures in compression. 
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Figure 4.15. a) The adiabatic temperature changes as a function of temperatures for the EC effect 
of CuZnAl, Ni2FeGa, NiTi, and NiTiCu SMAs in this study were showcased in this plot. The lines 
are added between the data points in order to aid the eyes. The temperature spans were highlighted 
for each material underneath the data points. The maximum ∆T and the temperature at which 
maximum ∆T was found are marked with the dashed line for each material.   b) The temperature 
dependence of the EC effects for the selected materials were manifested with respect to their 
entropy change determined from Clausius-Clapeyron slopes, ∆SCC, and DSC analysis, ∆SDSC. For 
Ni2FeGa, CuZnAl, NiTiCu the magnitude of ∆SCC is smaller than ∆SDSC. However, the former is 
greater than the latter in the case of NiTi. The thickness represents the difference between ∆SCC 
and ∆SDSC. Details about the entropy change calculation were included in this paper as well. c) 
The temperature dependency for the EC effects of the selected materials were manifested with 
respect to their maximum applied stress. 
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4.3.7 Temperature change estimation from entropy changes  
During the experiments, the measured ∆T does not necessarily represent the real adiabatic 
temperature change. To evaluate the maximum achievable temperature change, ∆Tth, we used the 
entropy change per unit mass, ∆S, calculated from both the Clausius-Clapeyron slopes, , 
(Method I) and enthalpy change per unit volume, ∆H (Method II).  
In order to find , the flow stresses were extracted from the stress-strain behaviors 
shown in Figure 4.15 with 0.1% offset. The flow stress is essentially the critical stress for inducing 
martensitic transformation. Linear relationships between flow stresses and temperatures are 
presented in Figure 4.15 for CuZnAl, Ni2FeGa and NiTiHf13.3. Note that the Clausius-Clapeyron 
slopes, , were found to be 2.01 MPa/˚C for CuZnAl, 0.99 MPa/˚C for Ni2FeGa, 5.1 MPa/˚C 
for NiTiHf13.3, and 7.02 MPa/˚C for NiTi in tensile experiments. Under compressive loading, the 
slopes were found to be 2.87 MPa/˚C for CuZnAl, 3.78 MPa/˚C for Ni2FeGa, 8.82 MPa/˚C for 
NiTi, and 5.17 MPa/˚C for NiTiCu. The asymmetry in the overall transformation stress can also 
be perceived from the correlation between stress and temperature in Figure 4.15, where the 
elevation of tensile stresses as the temperature increases is rather slow as opposed to compressive 
stresses. This is mainly due to the asymmetry in tension and compression transformation strains 
affecting the slopes.  
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Figure 4.16. Flow stresses as a function of temperatures for [001] CuZnAl, [001] Ni2FeGa, [111] 
NiTiHf13.3, [148] NiTi, and [001] NiTiCu in a) tension and b) compression. The Clausius-
Clapeyron slopes are marked on the figure for all five materials.   
The latent heat ∆H can be extracted from the DSC results by averaging the areas under the 
heat flow vs. temperature curves. The DSC results of CuZnAl, Ni2FeGa, NiTiHf13.3, NiTi, and 
NiTiCu are presented in Figure 4.16 with the transformation temperatures labeled in the graphic. 
The latent heats ∆H were measured to be 6.69 J/g for CuZnAl, 5.67 J/g for Ni2FeGa, 15.9 J/g for 
NiTiHf13.3, 12.7 J/g for NiTi, and 11.3 J/g for NiTiCu.  
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Figure 4.17. a) DSC results of CuZnAl, b) Ni2FeGa, c) NiTiHf13.3, d) NiTi, and e) NiTiCu SMAs. 
The transformation temperatures, Ms, Mf, As, and Af, are marked on the DSC curves for each 
material. 
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With both (Method I) and ∆H (Method II) determined, ∆S can be calculated using 
Clausius-Clapeyron relationship given in Equation 4.1, 
                                                                
                                               (4.1) 
where is the transformation strain and  is the thermodynamic equilibrium temperature 
between austenite and martensite, and ΔH is the enthalpy of the transformation per unit mass. We 
note that in a recent paper published by Niitsu et al. [114] the entropy change can also be 
characterized by the peak temperature, Tp, in the reverse martensitic transformation (M to A). The 
∆S calculations using both To and Tp have been included in this study. The transformation strain 
for each material was calculated by Lattice Deformation Theory (LDT) [115]. The idea of using 
theoretical transformation strain is to characterize the intrinsic entropy change, which can shed 
light on the theoretical maximum obtainable temperature change of each material. A reasonable 
approximation for calculating  was provided by Tong and Wayman in Equation 4.2 [116]. 
                                                                      
                                                (4.2) 
∆Tth can be estimated via Equation 4.3 assuming fully adiabatic condition, 
                                                                        
                                                 (4.3) 
where T is the test temperature at which maximum ∆T was measured experimentally (see Figure 
4.13), ∆S was calculated from Equation 4.1, and  is the specific heat of each material given in 
Section 2.1. The calculated ∆S and ∆Tth from both Method I (tension and compression) and Method 
II were tabulated in Tables 4.3, 4.4 and 4.5 respectively. As expected, NiTi-based SMAs have the 
highest ∆S among the four materials. Although CuZnAl and Ni2FeGa have lower ∆S values, they 
are still able to yield sufficient ∆Tth in the order of 16.9˚C and 12.6˚C, respectively. A comparison 
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between the ∆Tth and maximum ∆T measured from experiments were included as well. In general, 
∆T measured from experiments falls shorter than ∆Tth determined from ∆S for all cases. Further 
rationalization can be found in the discussion section. Note that the temperature changes, Δ thT and 
Δ TpthT , evaluated from To and Tp are in a good agreement as shown in Table 4.5. 
Table 4.3. ∆Tth calculated from Method I by using tensile Clausius-Clapeyron slopes,
dσ
dT
, for 
CuZnAl, Ni2FeGa, NiTiHf13.3 and NiTi. 
Method I dσ/dT  ∆SCC T ∆Tth ∆Tmax 
(Tension) MPa/˚C % J/kg K K K K 
CuZnAl 2.01 10 -20.1 348 16.7 14.2 
Ni2FeGa 0.99 14.5 -14.4 403 12.6 10.1 
NiTiHf13.3 5.1 12.4 -63.2 318 35.3 6.95 
NiTi 7.03 7.5 -52.7 338 30.2 18.2 
Table 4.4. ∆Tth calculated from Method I by using compressive Clausius-Clapeyron slopes, 
dσ
dT
, 
for CuZnAl, Ni2FeGa, NiTiCu and NiTi. 
Method I dσ/dT  ∆SCC T ∆Tth ∆Tmax 
(Compression) MPa/˚C % J/kg K K K K 
CuZnAl 2.87 8.1 -23.1 383 21.2 13.1 
Ni2FeGa 3.78 6.3 -23.8 403 20.9 13.5 
NiTiCu 6.17 5.55 -34.7 323 20.4 15.2 
NiTi 8.87 6.5 -55.8 338 33.0 18.2 
 
 
 
 
 
 
 
 
T
ε
T
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Table 4.5. ∆Tth calculated from Method II by using enthalpy changes, ∆H, from martensite to 
austenite phase transformation for CuZnAl, Ni2FeGa, NiTiHf13.3, NiTiCu, and NiTi. Δ
Tp
thS is 
calculated using Tp and Δ TpthT  is evaluated from Δ
Tp
thS [114]. 
Method II ∆H To Tp T 
DSCΔS   
DSC
TpΔS  thΔT  
Tp
thΔT  ∆Tmax 
 J/g K K K J/kg K J/kg K K K K 
CuZnAl 6.69 284 280 348 -23.6 -23.9 19.5 19.8 14.2 
Ni2FeGa 5.67 287 290 403 -19.8 -19.5 17.3 17.1 13.5 
NiTiHf13.3 15.9 265 273 318 -60.0 -58.2 32.3 32.5 6.95 
NiTi 12.7 245.5 268 338 -51.7 -47.4 29.6 27.1 18.2 
NiTiCu 11.3 299 302 323 -37.8 -37.4 21.8 21.6 15.2 
 
4.4 Discussion of results 
4.4.1 Tension-compression asymmetry  
The asymmetric deformation behavior of tension and compression can be clearly noted for 
NiTi, CuZnAl, and Ni2FeGa in Figure 4.4 and Figure 4.5. The observed tension/compression 
asymmetry can be ascribed to the unidirectional nature of the shear strain across the transformation 
habit planes [117]. If the phase transition is triggered by the resolved shear stress in a prescribed 
transformation direction, the similar process will not occur in the opposite direction [118]. In this 
regard, the phase transformation will be nucleated in different sets of crystallographic plane and 
direction for tension and compression, respectively. Since the stress levels, hysteresis, and 
temperature intervals of the superelastic loops vary between tension and compression, they also 
translate to different EC performances as demonstrated in Figure 4.4 and Figure 4.5.  
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4.4.2 The role of inhomogeneity of phase transformation on EC response 
 
Figure 4.18. Strain histograms of the selected SMAs are presented. The increase in the width of 
the histograms indicates an increased level of transformation heterogeneity developing in the 
material. This is also recognized by noticing the increase in the standard deviation (Sdev) given in 
the figure for each histogram. The experimentally measured temperature changes for each material 
have been listed as well. 
The effect of inhomogeneous phase transformation on the EC properties of SMAs was 
investigated in this study. In Figure 4.18, the transformation inhomogeneity has been quantified 
for each material in terms of strain histograms that were constructed from the DIC strain contours 
illustrated from Figure 4.7 to Figure 4.10. In the cases of NiTi, Ni2FeGa, and CuZnAl, the strain 
distributions across the materials are uniform as the widths of their strain histograms are small. On 
one hand, we noted that the Hf-alloyed samples have the largest strain variations across the 
material, which also indicates a highly heterogeneous nature of phase transition. In this case, the 
measured adiabatic ∆T is 6.95˚C, which falls far shorter than those of other materials. On the other 
hand, the strain distribution in the case of NiTiCu ternary alloys is less heterogeneous (reduced 
width) than NiTiHf and the ∆T is measured as high as 15˚C. Nevertheless, it is not expected that 
this value can be reproducible upon successive loading cycles. Indeed, the cooling capacity of 
NiTiCu degrades much more rapidly than those of the others after the first 100 cycles (Figure 
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4.12). Therefore, to enhance the efficacy of the EC performance of SMAs, the homogeneous phase 
transformation process is preferred. 
4.4.3 The role of cyclic loading on the EC properties of SMAs 
As elucidated in Figure 4.10, Figure 4.11 and Figure 4.12, a strong effect of long-term 
cyclic deformation (in excess of 104 cycles) on the corresponding EC effects can be appreciable 
for the selected materials. Note that the EC responses of NiTi and Ni2FeGa (Figure 4.12) showed 
excellent reproducibility after multiple cycles of loading and unloading as an outcome of the stable 
superelastic loops. However, the fatigue life of NiTi falls far shorter than those of CuZnAl and 
Ni2FeGa under tensile loading as depicted in Figure 4.11. The reason for the early failure of NiTi 
is very complicated and could be related to the large particles, i.e. carbides, in the material matrix 
that facilitate rapid crack propagation [104, 119].The fatigue lives however improve considerably 
in the case of compression. We also note that the results correspond to [148] orientation, and the 
[111] orientation is expected to perform better. The choice of [148] was to maintain the same 
orientation between tension and compression where in compression the [148] exhibits the highest 
strains.  
Figure 4.19a shows the cycling strain range ∆ε/εtr versus fatigue life Nf and it indicates that 
longer fatigue lives can be achieved for smaller ∆ε/εtr (∆ε is the strain difference during cycling, 
and εtr the transformation strain). The ∆ε/εtr vs. Nf curves of polycrystalline CuZnAl alloys were 
replotted based on the data reported by Melton and Mercier [120] and Oshima and Yoshida [121]. 
Similar results have been shown by Sakamoto et al. [122] and Siredey et al. [123] for CuNiAl and 
CuAlBe alloys, respectively. A comprehensive study on the fatigue response of Ni2FeGa single 
crystals has been undertaken by Efstathiou et al. [106]. In the case of NiTi-based SMAs, many 
papers have been published regarding the fatigue lives of NiTi [120, 124-129] and polycrystalline 
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NiTiCu [129]. For practical usage EC operation must exceed millions of cycles, and (as expected) 
in Figure 4.19a, longer fatigue lives are obtained for smaller ∆ε/εtr. Amongst the alloys considered 
Ni2FeGa can achieve such long lives in tension for strain levels exceeding 10%, which makes it 
rather promising. On the other hand, the NiTi (both polycrystalline and single crystal) alloys 
exhibits shorter lifetimes, especially when cycled near the maximum transformation range ∆ε/εtr ≈ 
1. Meanwhile in Figure 4.19b the dependence of the EC temperature change TEC on ∆ε/εtr is 
illustrated for three major SMAs, which shows that to achieve the largest temperature changes the 
strain ranges need to close to the transformation strain εtr. Cycling with large ∆ε/εtr ensures that 
more of the austenite domain can be converted to martensite and vice versa. Under such conditions, 
a given alloy’s performance in practice can be limited by fatigue life. These results highlight the 
need and potential benefits to considering compression-compression cyclic loadings for achieving 
long term operation. The results summarized in Figure 4.19c attest to the benefits of compression 
loadings where fatigue damage may not affect lifetimes in practical applications. Figure 4.19c 
shows the EC temperature change under tension and compression for five alloys studied in our 
work. The results underscore the significant benefits of exploring compression loadings. Note that 
the temperature changes observed for NiTiHf13 are small because of the severe localization effects 
during deformation.   
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Figure 4.19. Effects of fatigue. (a) Fatigue lives of most important SMAs in tension, the strain axis 
is normalized with respect to the highest transformation strain. In elastocaloric applications cycling 
near the transformation strain can severely reduce the fatigue life.  (b) The measured temperature 
change as a function of the normalized cycling strain (this study). The largest temperature changes 
correspond to application of high strain near the transformation strain.  (c) A comparison of the 
elastocaloric cooling capacity of five alloys comparing tension and compression (this study). All 
SMAs shown in (b, c) are single crystals.  
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4.4.4 The role of stress hysteresis on EC properties of SMAs 
 
Figure 4.20. The correlation between stress hysteresis and temperature change capability as a 
function of isothermal test temperatures for a) NiTi, b) Ni2FeGa, and c) CuZnAl under both 
compressive and tensile loading state. The dashed lines are added in order to aid the eyes. 
In Figure 4.20, we note that, for most cases, the elastocaloric effects, in terms of ΔT, first 
amplify and then attenuate with increasing test temperature, T. This trend has been reported in 
earlier literatures as well [81, 88]. We may seek ramifications for this phenomenon from the 
mechanical response that is intrinsically connected with the EC effect. As demonstrated in Figure 
4.20, the correlation between stress hysteresis, Δσ, and ΔT as a function of T has been illustrated. 
The former represents the difference between upper and lower stress plateau as shown in the 
superelastic loops (Figure 4.4 and Figure 4.5). From Figure 4.20, an inverse relationship between 
Δσ and ΔT can be readily observed, where the maximum in ΔT corresponds well to the minimum 
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in Δσ. It is evident that Δσ shrinks with increasing T initially for all three cases. This trend has 
been discussed in early works and the interplay between plastic dissipation and transformation 
play a role in  NiTi (Ni = 50.8 at.%) [96] and Ni2FeGa. The results on NiTiCu follow similar trends 
to those of NiTi and Ni2FeGa. Increase in resistance to elastic strain energy dissipation would 
result in lower stress hysteresis. With further T increase, the energy dissipation due to the plastic 
relaxation effect becomes more profound [97]. This may produce a substantial Δσ growth and ∆T 
decrease. More details regarding the variation of Δσ with T have been discussed in depth by 
Hamilton et al. [96].  
To better elucidate our point on the effect of stress hysteresis, Figure 4.21 is presented to 
summarize all the materials. In Figure 4.21b, the actual temperature change ΔT measured in our 
experiments is shown, now plotted as a function of ∆σ/σ, the measured stress hysteresis (the 
difference between forward and reverse transformation stress) normalized by the forward 
transformation stress. Such a normalization allows comparison of different SMAs with different 
transformation stresses and is consistent with previous derivations of stress hysteresis [130]. We 
note that, in addition to ΔTth, NiTi alloys exhibit superior performance in ΔT. Most interestingly, 
we observe an inverse relationship between ΔT and ∆σ/σ. This suggests that larger temperature 
changes can be achieved in practice when less stress hysteresis is present, and that a given SMA 
may exhibit an ideal operating temperature that minimizes the hysteresis and results in larger ΔT. 
For each alloy, our results were collected over a range of test temperatures. Since for a given alloy 
different test temperatures can give rise to different ∆σ/σ, in some SMAs such as CuZnAl and 
NiFeGa for which the superelastic window are large, the spans of the ellipsoids in Figure 4.21b 
are wide. 
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Figure 4.21. The measured elastocaloric temperature change ∆TEC versus normalized stress 
hysteresis ∆σ/σ under superelasticity (this study). The stress hysteresis is normalized by the 
forward transformation stress. 
Similar trend can be observed when considering thermal hysteresis, ΔThysteresis. Figure 4.22 
shows how ΔT/ΔTth, the ratio of the measured EC temperature change to the theoretically 
achievable temperature change, varies with the degree of temperature hysteresis (the difference 
between forward and reverse transformation temperature normalized by the equilibrium 
temperature) exhibited by each material. Interestingly, there is a reasonable correlation between 
ΔT/ΔTth and the temperature hysteresis. These observations illustrate that measured temperature 
changes can better approach the theoretical maximum value when the thermal hysteresis is low. 
For example, NiTi exhibits a large relative thermal hysteresis while Ni2FeGa does not. Even 
though the theoretical EC temperature drop for Ni2FeGa is 8°C it is close to the theoretical value 
of 12°C, while the measured change in NiTi is 20°C compared to the theoretical value of 50°C.   
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Figure 4.22. The measured temperature change normalized by the adiabatic temperature change 
versus the thermal hysteresis normalized by equilibrium temperature. The six materials from this 
study are included. 
The energy dissipation in the form of frictional work gives rise to the stress hysteresis [96]. 
Such hysteretic loss can be characterized by the hysteresis area of the isothermal tests. The 
corresponding irreversible temperature change, ∆Tirr, can be evaluated as follows: 
1
Δ = irr
p
T σ dε
ρC
[80, 131], where ρ is the density. In this paper, ∆Tirr has been calculated for 
CuZnAl, Ni2FeGa, and NiTi regarding the superelastic curve where the stress hysteresis is the 
lowest. The densities of CuZnAl, Ni2FeGa, and NiTi are 7700 kg/m
3, 8450 kg/m3, and 7600kg/m3 
respectively [84]. The specific heat capacities, Cp, have been listed in Table 3.1 for each material. 
The ∆Tirr of CuZnAl is calculated as 0.77˚C and 0.96˚C for tension and compression respectively. 
In the case of Ni2FeGa, the ∆Tirr is 0.93˚C in tension and 0.54˚C in compression. In the case of 
NiTi, the ∆Tirr is 1.52˚C in tension and 1.18˚C in compression. It is confirmed that the irreversible 
temperature changes of all three materials are very small when the corresponding stress hysteresis 
112 
 
is the minimum. In summary, for optimal EC properties of SMAs, the investigation should select 
a temperature where hysteresis is the lowest as the energy dissipation can be minimized. Most 
previous works have not explored the optimal temperature, and were mostly confined to RT 
experiments.  
4.4.5 The role of entropy changes on the EC response 
The ∆Tth of each material has been determined from ∆S that was obtained from 
(Method I) and ∆H (Method II) as shown in Tables 4.3, 4.4 and 4.5. Note that we have acquired 
similar ∆S regardless of the load states (tension and compression). However, the difference 
between theoretically determined ∆Tth and experimentally measured ∆T is evident. When 
comparing ∆Tth to ∆T, a substantial difference of more than 50% can be observed in the case of 
NiTiHf13.3. This can be attributed to the significant hysteretic losses resulting from the incomplete 
phase transformation and the plastic deformation in the local region (Figure 4.8b). Since the major 
fractions of the material remain untransformed, this can create a highly inhomogeneous 
temperature profile [103], which can further reduce the cooling efficiency. In addition, the plastic 
deformation in the local region jeopardizes the reverse martensitic transformation and thereby 
leading to small ∆T. Even though similar discrepancy between ∆Tth and ∆T is still evident for NiTi 
and NiTiCu, the difference is significantly reduced. In the cases of CuZnAl and Ni2FeGa, the 
magnitudes of ∆Tth are close to the experimentally measured ∆T. However, in the previous study, 
a difference of 50% between ∆T and ∆Tth was reported for polycrystalline CuZnAl [81]. In the 
current study, a better agreement was achieved in [001] CuZnAl single crystal. One plausible 
explanation is that the phase transformation process of polycrystalline materials may result in 
higher levels of dissipation (hysteresis) [101] but this difference needs to be better understood in 
the future.  
d
dT

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A higher ∆S is required for better EC cooling performance (Figure 4.15). In the case of 
NiTi-based SMAs, a recent paper showed that the entropy change displays complex dependence 
on Ni content (50 at.% to 51.8 at.%) in binary NiTi alloys [114]. The general trend shows that ∆S 
decreases with increasing Ni content. From the perspective of ∆S solely, the material with low Ni 
content will be more promising for EC application. In fact, when the Ni content is lower than 50.7 
at.%, the superelastic deformation becomes harder to realize [70]. However, as the Ni content 
increases, the superelastic response and fatigue life will also be curtailed due to the loss of ductility. 
Therefore, Ni rich compositions in the vicinity of 50.5% to 50.8%Ni provide a good compromise. 
Similarly, the comparison between NiTiHf13.3 and the other four SMAs has been exemplified in 
this work to elucidate the fact that an adequate balance between superelastic behaviors and ∆S 
needs to be achieved in order to induce an optimal EC strength. Even though NiTiHf13.3 exhibits 
the highest entropy change, it is underperforming compared to others. Therefore, the magnitude of 
entropy change does not solely guarantee the efficacy of EC cooling, i.e. the mechanical response 
is also a crucial factor. 
In summary, the current work uncovered the effect of i) the deformation temperature, ii) 
the stress hysteresis, iii) the inhomogeneity of transformation, and iv) the long-term cycling on the 
EC effect (the adiabatic temperature change) of SMAs. As the temperature increases, the 
temperature change capabilities of SMAs can be optimized when the stress hysteresis (i.e. energy 
dissipation) is minimized. In addition, we draw attention to the need for a spatially homogeneous 
phase transformation behavior as studied here. As an example of the NiTiHf13.3 SMAs, the phase 
transformation zones remain localized with large untransforming domains. The accumulation of 
the remnant strain in the local region limits their strain reversibility. Therefore, when compared to 
the other four materials, the NiTiHf13.3 SMAs have the lowest adiabatic temperature change despite 
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also having the highest entropy changes. Furthermore, the functional degradation was evident upon 
cyclic loading for all materials in tension. In compression, the giant caloric effects were sustained 
in the case of NiTi and Ni2FeGa even after 10
4 cycles. Overall, the work underscores the need for 
a multifaceted approach combining the determination of entropy changes (via multiple techniques) 
in order to predict the maximum temperature change capacities of a material, the evaluation of the 
stability of the thermal performance associated with functional fatigue responses under multi-
cycles, and at different temperatures. Such an approach can be exploited as a guidance for future 
EC research on SMAs. 
4.5 Conclusion 
In this study, the EC effects of CuZnAl, Ni2FeGa, NiTiHf13.3, NiTiCu, and NiTi single 
crystals were investigated. We draw the following conclusions based on the results: 
1. The mechanical behavior plays an important role in the elastocaloric performance of SMAs. 
The small hysteresis, less strain heterogeneity, and exceptional fatigue resistance are desired 
features as they optimize the elastocaloric response by limiting energy dissipation and 
improving reversibility.  
2. The correlations between stress hysteresis and cooling capability as a function of deformation 
temperatures have been revealed in the current study for CuZnAl, Ni2FeGa, and NiTi. An 
inverse relationship between the two has been uncovered. It was found that the cooling capacity 
of a SMA can be optimized corresponding to minimal hysteresis. 
3. The Ni2FeGa single crystals have the largest temperature span of 165˚C among the selected 
SMAs in this study. The experimentally measured ΔT in the order of 8-13˚C has been 
demonstrated at high temperature regimes close to 200˚C. The Ni2FeGa performs better than 
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other alloys in tension in view of its fatigue resistance exceeding 106 cycles (only 104 shown) 
for a strain of 10%. 
4. A strong effect of long-term cycling (in excess of 104 cycles) has been uncovered in both 
tension and compression. Functional degradation is evident for all materials in tension. 
However, NiTi and Ni2FeGa showed excellent reversibility and reproducibility of elastocaloric 
strength (∆T) in compression even after 104 cycles.  
5. In all cases, the adiabatic temperature changes determined from direct experimental 
measurements fall shorter than those estimated from ΔS. Such difference is expected as the 
energy dissipation (i.e. hysteresis) during phase transformation is inevitable. In addition, the 
transformation heterogeneity, especially in the case of NiTiHf13.3, can also reduce the efficacy 
of the elastocaloric effect, which can be another plausible explanation for the discrepancy.  
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Chapter 5 Strain Hardening Response of FeMnNiCoCr HEAs 
5.1 Introduction 
5.1.1 Background and motivation 
The equi-atomic FeMnNiCoCr high entropy alloy (HEA), originally discovered by Cantor 
et al. [132], has become the most widely studied composition in this class of alloys. It forms a 
face-centered cubic (fcc) solid solution and is close enough to an ideal solution that the 
configurational part of the mixing entropy prevents formation of secondary solid solutions and 
intermetallics during preparation from the melt [133]. Its key mechanical attributes are superior 
tensile strength (~1 GPa  [4-6]), exceptional ductility (60-70%  [4, 5]) and fracture toughness 
(exceeding 200 MPa m  [7]) at cryogenic temperatures (77K). These desirable properties have 
been typically associated with the activation of deformation twinning [134, 135], particularly at 
low temperatures. Furthermore, the deformation twins are observed to promote strain hardening 
substantially. Earlier literature [5, 136] demonstrates that the polycrystalline microstructure 
exhibits extraordinarily high strain hardening coefficients at large strain levels (~ 3 GPa above 15% 
strain). However, the origins for such high strain hardening is still yet to be established. To that 
end, this work interrogates the strain hardening mechanisms in equi-atomic FeMnNiCoCr HEA.  
Throughout this work, following points will be scrutinized to build a comprehensive 
understanding on the strain-hardening behavior of FeNiCoCrMn HEA: (i) dislocation reactions 
accompanying twin-twin interactions produce sessile residual Burgers vectors which act as barriers 
against dislocation glide; and (ii) twin-twin interactions can enhance the level of hardening and 
result in large hardening coefficients at high strains closely linked with the number of active 
systems. To accomplish this task, we conduct uniaxial tension and compression experiments 
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employing digital image correlation (DIC) on a set of single crystal orientations which are 
conducive to twinning. This approach allowed us to quantify the latent hardening moduli due to 
the interactions between primary and latent twin systems. Overall, this work provides a deeper 
insight into the strain hardening mechanisms of FeMnNiCoCr HEAs at low temperatures. 
In polycrystalline materials, the distribution of crystal orientation, matrix constraints and 
variety of reactions taking place at grain boundaries (i.e., formation of dislocation pile-ups [5, 136] 
and cross-boundary twins [137] at grain boundaries) can complicate the analysis and hinder the 
ability to unambiguously pinpoint the mechanisms prevailing on the hardening response. These 
reasons have lead us to utilize single crystalline samples throughout this work to quantify the 
critical stress levels for the initiation of slip, nucleation of twinning, as well as the levels of their 
interaction on the corresponding strain hardening behavior.  This allowed us to characterize the 
constitutive response of the FeMnNiCoCr HEA by eliminating the grain boundary constraint 
effects. 
On the other hand, the strain hardening response of single crystalline FeMnNiCoCr is also 
of complicated nature inasmuch multiple deformation mechanisms (i.e., slip, twinning, or both 
[138]), may participate with the proceeding plastic deformation. It is evident that the contribution 
of these mechanisms, which is typically reflected as slope changes in the stress strain curve, alter 
the individual flow stress levels on each slip and twin system. This can be broken down to self-
hardening of the active system(s) in addition to latent hardening, which is referred to as the increase 
of the resistance to plastic deformation on latent systems upon deformation on the primary system 
[139, 140]. The rate-independent crystal plasticity of Mandel [141] and Hill [142] is adopted in 
this work to determine the corresponding hardening moduli. To that end, a linear hardening rule 
in which the shear stress increment on the α-system,  ( )d , is related to the shear strain increment 
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on the β-system, 
 ( )d  by a hardening matrix hαβ, i.e. 
 


 
=
=( ) ( )
1
N
d h d , is employed. Though 
the hardening matrix, including both self hardening (diagonal terms) and latent hardening (off-
diagonal terms) moduli, is of paramount importance for a predictive crystal plasticity modeling 
[143-147], an accurate characterization technique for it is yet to be established in the literature. 
This paper presents a novel approach to accomplish this task by pinpointing the local strain 
evolution on the active twin and slip systems via DIC as a function of applied stress.  
5.1.2 Constitutive equations for latent hardening 
A crystal plasticity framework that incorporates pure as well as mixed interaction 
contributions of slip and deformation twinning to the strain hardening in FeNiCoCrMn HEA can 
be expressed as follows:  
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where α’ and β’ denote the slip systems, α and β designate the twinning systems, ( ')slipd
 is the slip 
shear strain increment of system β’, ( )k
twinf  is the volume fraction of twinning system k, 
( )
twindf
  is the 
change of twin volume fraction of system β, and fcctwin  denote the intrinsic twinning shear (0.707 
for {111}<112> twins in an fcc lattice). In Equations 5.1a and 5.1b, ' '
−slip sliph  , '
−slip twinh  , '
−twin sliph  and 
−twin twinh  represent the hardening moduli associated with slip-slip, slip-twin, twin-slip and twin-
twin interactions. In the most general case for an fcc lattice that deforms on 12 {111}<110> slip 
systems and by 12 {111}<112> twin modes the four hardening matrices   −slip sliph  ,   −slip twinh , 
119 
 
  −twin sliph  and   −twin twinh  contain in total 576 hardening moduli hαβ. Their experimental 
determination is a formidable task and has been elusive given their sheer number.  
It is feasible to isolate each of the contributing terms in Equation 5.1 and calculate the 
corresponding strain hardening coefficients using single crystals where the certain slip or twin 
systems can be activated by varying the crystallographic orientation and the loading sense (tension 
vs. compression). For instance, when only twin-twin interactions are considered (such as those 
observed for compression along <001> and tension along <111>, as presented in Section 3), 
Equation 5.1 can be simplified as follows: 
                                                    
( ) ( )
1
−
=
=
N
twin twin
critical twin twind h df
 


                                               (5.2) 
Alhough there are 12 {111}<112> potential twin systems in an fcc crystal, considering their 
Schmid factors, only a few of these systems become activated under uniaxial loading. For example, 
Schmid factor analysis predicts only 4 and 3 systems to be activated for  <001>compression (max. 
Schmid factor m = 0.47) and  <111>tension (m = 0.31) samples respectively [148]. On the other hand, 
it is to be emphasized that while the latent hardening can be interpreted (comparably) readily when 
two systems are present it becomes increasingly complex as the number of active systems grows. 
The methodology followed to accomplish this task will be addressed in Chapters 5.3 and 5.4 in 
detail.  
5.1.3 Current approach vs. previous studies 
On experimental grounds, numerous works have been reported in the literature on slip 
induced latent hardening in cubic metals including copper, aluminum, iron and silver via 
employing single crystals [139, 140, 149-154]. In these experimental studies, latent hardening 
experiments were performed such that primary and latent slip were nucleated separately in two 
consecutive experiments. The amount of latent hardening during the primary test was indirectly 
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measured from the ratio between the critical stress extrapolated from the secondary test and the 
maximum stress at the end of the primary test. The corresponding modification of Schmid factors 
introduces an artificial loading history effect which is absent under monotonic loading conditions. 
Consequently, this earlier methodology allows for only an indirect quantification of latent 
hardening. Within the framework of this method,  Kocks [150] predicted a range of  1.0 to 1.4 for 
the ratio between the latent and self hardening moduli, which is frequently employed as a 
constitutive parameter in crystal plasticity modeling. On the other hand, it is important to note that 
this measurement procedure suppresses the primary slip throughout the secondary loading step as 
the change of crystallographical loading axis lowers the corresponding Schmid factor. 
Consequently, this indirect measurement technique for latent hardening by inducing single slip on 
distinct systems throughout the two loading steps represents a rather idealized scenario. As a 
remedy, in the present work, we employ a novel experimental framework wherein the plastic 
deformation proceeds under monotonic loading conditions allowing for the interaction of multiple 
active systems with further straining. We believe that this proposed experimental procedure 
overcomes the ambiguity in the strain hardening levels associated with the sample re-orientation 
operation implemented in two-step experiments. As an immediate consequence of the monotonic 
plastic strain accommodation in this novel method, both the self and latent hardening moduli can 
be determined for the loading configurations in which multiple systems interact. To that end, the 
effective hardening slope of corresponding segments of the experimental stress-strain curves can 
be directly employed to extract both the latent and self hardening moduli. 
Though deformation twins are expected to play a significant role in the effective strain 
hardening slope of low stacking fault energy fcc materials within the framework of slip-twin, twin-
slip, twin-twin interactions, a comprehensive study is yet to be carried out except for a limited 
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number of polycrystalline materials [155, 156]. The efforts for determining hardening moduli from 
the stress-strain curves of these corresponding polycrystalline samples can only reflect the 
effective hardening properties with a limited distinction between the hardening moduli of 
individually interacting coplanar and non-coplanar systems. To that end, the hardening moduli 
(self and latent) for specific pairs of interacting systems could not be determined through these 
models, which is of significant importance in characterizing the contribution of potential 
deformation modes on mechanical grounds.  
The present work establishes a framework to quantify for the latent and self hardening 
moduli for twin-twin, slip-twin, twin-slip and slip-slip interactions in a systematic fashion based 
on synchronized measurement of resolved stresses and the corresponding local strain fields along 
the interacting twin and slip systems in single crystalline FeMnNiCoCr samples.  This novel 
approach enables us to clarify the individual role of interacting systems (either twin or slip) without 
any prior assumption or empiricism. The previous study by Abuzaid et al. [135] on the fcc 
FeMnNiCoCr HEA made clear that the plastic deformation was accommodated by double slip on 
(111)[101]  and (111)[101]  systems for <149>tension loading. On the other hand, in the <122>tension 
case, the nucleation of a single slip system, (111)[011] , was revealed at the early stage of 
deformation and then followed by the activation of a twin system, (111)[211] , at a higher strain 
level. In this study, we focus on the hardening response of <111>tension and <001>compression samples 
as both of these samples are conducive to twinning as confirmed by our experiments. Based on the 
experimental stress-strain data from the present and our earlier work [135], the specific 
−slip sliph , 

−slip twinh , 
−twin sliph  and 
−twin twinh  values are evaluated for the pairs of interacting systems in the 
<149>tension, <122>tension, <111>tension and <001>compression samples, respectively. These quantitative 
analyses demonstrate that the contribution of slip and twinning on the effective hardening moduli, 
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i.e.  /d d , is substantially different. In particular, we note that the effective hardening slope in 
the case of interaction between slip and twinning derived from the <122>tension case, ~ 0.5 GPa, is 
far greater than that of slip-slip interaction derived from the <149>tension case, ~ 0.01 GPa. In this 
study, we demonstrate the corresponding effective hardening slope due to twin-twin interactions 
is on the order of 2-3 GPa, which is much higher than those of slip-twin (twin-slip) and slip-slip 
cases. Similar results have been demonstrated by Patriarca et al. [138] who investigated the strain 
hardening response of body-centered cubic (bcc) FeCr single crystals and showed that twin-twin 
interactions impart considerably higher hardening, ~ 9 GPa, than slip-slip, ~ 0.05 GPa, and slip-
twin/twin-slip, ~ 1 GPa, interactions. These results suggest that the contribution of twin-twin 
interactions to the overall material strengthening is the most significant among the interaction 
mechanisms considered. To that end, we focus on twin-twin interactions and the associated 
hardening in this work. Furthermore, a detailed quantitative analysis of hardening due to slip-slip, 
slip-twin and twin-slip interactions are also provided as well. 
5.1.4 Mechanisms associated with strain-hardening and strain-softening 
In the absence of twinning strengthening of metallic materials is closely related to the forest 
dislocation density (Taylor’s hardening model). In the case of FeMnNiCoCr, dislocation hardening 
governs the stress-strain response at RT at low strain while twinning plays a key role at cryogenic 
temperature from the very early stage of deformation on [136]. It has been recognized that at RT 
deformation twinning can become dominant at relatively high strains of about 25% axial strain 
[136]. Earlier literature notes that the significant strengthening of (nano-)twinned materials (e.g. 
nano-twinned Cu and NiCo) can be attributed to the presence of twin interfaces [157, 158]. Upon 
mechanical twinning, the dynamic Hall-Petch effect provides a plausible rationalization for 
material strengthening as the introduction of new interfaces due to twinning reduces the dislocation 
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mean free path. Numerous studies using transmission electron microscopy (TEM) have confirmed 
the formation of dislocation pile-ups at the twin interfaces, justifzing their role as barrier to 
dislocation motion [159]. In addition, many theoretical studies using molecular dynamics (MD) 
simulation have been ventured to reveal the underlying mechanisms [158, 160-162]. As a 
dislocation impinges and interacts with a barrier twin boundary, it is suggested that the incident 
dislocation can either incorporate into or block by or transfer through the twin boundary [160, 161]. 
An important outcome of these dislocation reactions is the creation of residual Burgers vectors, 
which can serve as obstacles to dislocation glide on the twin boundary. Their magnitude can be 
indicative of the strain hardening level. In the current study, we show that the magnitude of residual 
dislocations formed by slip-twin interactions are smaller than those by twin-twin interactions, 
which complies with the experimental trend. 
Compared to strain-hardening, which has been investigated by many studies for a large 
variety of materials, fewer works were endeavored to explain the lack of hardening or even strain-
softening in alloys. For example, in Hadfield steel (Fe-Mn-C) the plastic flow proceeds at nearly 
constant stress in the range of 0-20% and 0-10% when loaded along <144> and <111> in tension, 
respectively [163]. Such behaviors are usually accompanied by the formation of Lüders bands 
during deformation in experiments [164]. Several mechanisms have been proposed from foregoing 
undertakings using MD simulations to rationalize such phenomena, especially those associated 
with strain-softening. It has been revealed that the stacking-fault nucleation energy barrier can be 
much smaller than the twin migration energy barrier in some materials, e.g. Pd [165]. In this case, 
the twin boundary acts as a dislocation source and the nucleation and motion of partial dislocations 
parallel to the twin boundary is energetically favorable, which can eventually lead to detwinning 
and, thereby, to flow softening. Furthermore, it was suggested that the twin thickness and twin 
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boundary spacing are crucial and responsible for the softening response in nano-twinned metals 
[166]. A recent work on nano-twinned Cu [167] revealed that defects, such as kink-like steps and 
curvature, contained in a coherent twin boundary can further facilitate flow softening. In this study, 
we found more experimental evidence for strain softening behavior in <144>tension oriented 
FeMnNiCoCr. The underlying mechanism is rationalized by a combined effect of strain 
localization and small residual Burgers vector. 
5.1.5 Considerations of the residual Burgers vector 
As aforementioned, the interactions between slip and twinning can impart various 
strengthening levels to the material. Such diverse strain hardening behaviors at macroscale can be 
better rationalized by the corresponding dislocation reactions at nanoscale. The interactions 
between slip and twin systems have been investigated in-depth in many previous undertakings 
[160, 168-173]. The noteworthy outcome of slip-twin and twin-twin interactions is that the 
impinging dislocation leaves a residual Burgers vector, 
rb , on the obstacle twin interface after the 
dislocation reaction. This residual dislocation, similar to a Lomer-Cottrell lock, is sessile and forms 
a barrier to the dislocation glide on the twin plane, which imparts strengthening to the material 
[174-176]. The magnitude of such a residual dislocation, | |
rb , is expected to have an important 
implication on the strain hardening behavior of the material. According to other studies [158, 160, 
173], | |
rb  of slip-twin interactions for an fcc alloy where an incident Shockley partial 
incorporates into the barrier twinning boundary usually varies from 0.24a to 0.53a (a is the lattice 
constant). In this study, we show that the | |
rb  generated from twin-twin interactions can reach 
an order of 1.22a, which is undoubtedly higher than those of slip-twin interactions. This result is 
also consistent with the higher strain hardening level associated with twin-twin compared to slip-
twin and twin-slip interactions. Overall, all these experimental investigations imply the key role 
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of dislocation-interactions in contributing to high strain hardening. In the present analysis, we 
demonstrate that residual Burgers vectors, which result from different twin-twin interactions and 
thus exhibit varying magnitudes, impart different strengthening levels, i.e. hardening moduli hαβ 
(α ≠ β). 
 In summary, we conducted uniaxial tensile and compressive experiments on FeMnNiCoCr 
single crystals at liquid nitrogen temperature (77K) in this work. Initial tests were performed on 
<149>, <144> and <122> crystals in tension to selectively activate double slip at the onset of 
plastic yielding and single slip followed by twinning, respectively. These tests revealed higher 
latent hardening moduli for slip-twin/twin-slip interactions than for slip-slip interactions. Based 
on these first results, we selected single crystals whose loading axes are close to <111> and <001>. 
It has been well-established that these orientations are favorable for twinning in tension and 
compression, respectively, in fcc materials [148]. The main body of this article presents and 
analyzes their twinning-induced hardening behavior and pays close attention to residual Burgers 
vectors associated with the twin interactions observed. For this purpose, ex-situ high resolution 
digital image correlation (DIC), electron backscatter diffraction (EBSD) and transmission electron 
microscopy (TEM) were performed on the deformed specimen to identify the deformation 
mechanisms and reveal twin-twin interactions at the nanoscale. Finally, we calculate the hardening 
moduli hαβ based on the experimental results of <001> and <111> loading cases where dominant 
twinning activities are confirmed. In parallel, we evaluate the magnitude of the residual Burgers 
vectors formed by the observed twin-twin interactions. The corresponding | |
rb  varies with 
different twin-twin interactions and is indicative of the associated hardening. We also show that 
the hardening moduli associated with slip-twin, twin-slip and slip-slip interactions [135] are much 
smaller than those associated with twin-twin interactions for fcc FeMnNiCoCr HEA.  
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5.2 Materials and experimental methods 
 
5.2.1 Experimental Procedure 
Single crystals of the equiatomic FeMnNiCoCr alloys were grown using the Bridgman 
technique in an inert gas atmosphere. The alloys were homogenized at 1473K for 24 hours and 
solutionized at 1373K for 1 hour followed by oil quenching. To induce twin-twin interactions, we 
consider single crystals with the loading axis along the [111]   and [100] crystallographic 
directions. These orientations have been confirmed by the Euler angles procured via EBSD. For 
slip-slip and slip-twin/twin-slip interactions, we consdier [212] , [149]and [414] single crystals. 
Both uniaxial tensile and compressive experiments were performed at 77K with the 
specimen, grips, and extensometer submerged in a liquid nitrogen bath in Figure 5.1. Samples 
were deformed in strain control during loading and load control during unloading. An 
extensometer was used to measure the strain evolution and each sample was loaded incrementally 
up to a total strain of ~ 20%. High resolution ex-situ DIC was performed on deformed specimens 
at the end of each load increment, since in-situ DIC images are inaccessible when the specimen is 
submerged in the liquid nitrogen bath. It is important to note that additional polishing is required 
at the end of each load increment in order to re-establish a satisfying speckle pattern for further 
measurement. Therefore, the DIC strain contour shown in this study represents the strain increment 
between loading cycles. The total strain accumulation was tracked using an extensometer in this 
study. Both reference and deformed images were taken with an optical microscope with 10X 
magnification which corresponds to a spatial resolution of 0.44 μm/pixel. To cover the entire width 
of the specimen, 5 images were captured with approximately 30% overlap. 3 rows of images were 
captured to enlarge the area of interest (~3 mm x 1 mm). Then, DIC was performed on each pair 
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of images (reference and deformed) with a subset size of 35 x 35 pixels and later the results were 
stitched together following the procedure detailed in the previous study by Carroll et al. [9]. 
 
Figure 5.1. Cryogenic temperature test setup 
Transmission electron microscopy (TEM) specimens oriented perpendicular to the loading 
direction were lifted out from the deformed samples and thinned by focused ion beam in a FEI 
Helios 600i DualBeam. A JEOL 2010 LaB6 TEM optimized for diffraction and high sample tilts 
was used to identify active slip and twin planes and to image deformed microstructures. A 3-
dimensional model of an interaction site of two twins was created from a tilt series using the UCSF 
Chimera package [177]. To this end, projections of the interaction site were recorded over a tilt 
range of 50° in two-beam conditions and the model compared with the projections. 
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5.2.2 Crystal orientations and Schmid factors regarding twin-twin interactions  
For ease of discussion, the designations of the 12 possible twin systems for an fcc crystal 
and the corresponding Schmid factors for the orientations studied are tabulated in Table 5.1. The 
Schmid factors are calculated based on the original crystal orientation from EBSD measurement. 
According to the Euler angles, the crystallographic loading directions of the specimens are [0.5791 
0.4640 -0.6703] and [0.9998 -0.0204 -0.0012], which are denoted as  [111]T  and [100]C , 
respectively, in this paper. Those twinning systems potentially active based on the Schmid law are 
highlighted for each case. We would like to point out that the Taylor-Schmid law, often referred 
to as the Schmid law, is based on the early works of Taylor [178] and Schmid [179]. In this study, 
we observed three active twin systems in the [100]C  case and two systems in the [111]T  case 
based on experimental measurements. 
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Table 5.1 Designations of all 12 twin systems in an fcc crystal subject to tension and compression 
along the nominal [111]T  and [100]C  loading orientation. The Schmid factors correspond to the 
exact loading orientation determined from the Euler angles. Twin systems with high Schmid 
factors are highlighted for each case. 
No. Twin system 
Nominal loading direction 
[111]T  [100]C  
Schmid factor Schmid factor 
1 (111)[112]   -0.12 -0.23 
2 (111)[112]   -0.19 -0.25 
3 (111)[112]   -0.23 -0.25 
4 (111)[121]   -0.11 -0.23 
5 (111)[121]   0.13 -0.24 
6 (111)[121]   -0.09 -0.24 
7 (111)[121]   0.4 -0.23 
8 (111)[211]   -0.18 0.47 
9 (111)[211]   -0.01 0.47 
10 (111)[211]   0.3 0.48 
11 (111)[211]   -0.12 0.48 
12 (111)[112]   0.21 -0.23 
5.2.3 Crystal orientations and Schmid factors regarding slip-slip and slip-twin/twin-slip 
interactions  
In this project, we also consider here the self and latent hardening moduli of slip-slip and 
slip-twin\twin-slip interactions based on the stress-strain responses included in the previous study 
by [135]. The exact crystal orientations determined based on the Euler angles measured from 
EBSD are [0.7081 0.2991 -0.6397], [-0.0743 0.4462 0.8920] and [-0.6276 -0.1763 0.6527], which 
are denoted as [212]T , [149]T and [414]T thereafter. The designations of the slip and twin systems 
for an fcc crystal are tabulated in Tables 5.4 and 5.6. The Schmid factors for each system with 
respect to the loading directions are calculated.  
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Table 5.2 Designations of all 12 slip systems in an fcc crystal subject to tension along the nominal 
[212]T , [149]T and [414]T  loading orientation. The Schmid factors correspond to the exact 
loading orientation determined from the Euler angles.  
No. Slip system 
Nominal loading direction 
[212]T  [149]T  [414]T  
Schmid factor 
1’ (111)[011]  0.23 0.28 0.33 
2’ (111)[011]  0.03 0.20 0.05 
3’ (111)[101]  0.03 0.46 0.01 
4’ (111)[101]  0.13 0.15 0.12 
5’ (111)[101]  0.05 0.17 0.02 
6’ (111)[101]  0.20 0.48 0.09 
7’ (111)[011]  0.41 0.21 0.43 
8’ (111)[110]  0.38 0.26 0.44 
9’ (111)[110]  0.27 0.11 0.32 
10’ (111)[110]  0.09 0.06 0.08 
11’ (111)[110]  0.06 0.27 0.03 
12’ (111)[011]  0.14 0.23 0.06 
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Table 5.3 Designations of all 12 twin systems in an fcc crystal subject to tension along the nominal 
[212]T , [149]T  and [414]T  loading orientation. The Schmid factors correspond to the exact 
loading orientation determined from the Euler angles.  
No. Twin system 
Nominal loading direction 
[212]T  [149]T  [414]T  
Schmid factor 
1 (111)[112]   -0.11 0.44 -0.20 
2 (111)[112]   -0.09 -0.02 -0.10 
3 (111)[112]   -0.22 -0.42 -0.26 
4 (111)[121]   -0.04 0.04 -0.02 
5 (111)[121]   0.29 0.28 0.37 
6 (111)[121]   -0.05 -0.26 -0.02 
7 (111)[121]   0.28 0.05 0.49 
8 (111)[211]   -0.27 0.15 -0.24 
9 (111)[211]   -0.19 -0.20 -0.17 
10 (111)[211]   0.35 0.39 0.12 
11 (111)[211]   -0.15 0.02 -0.07 
12 (111)[112]   0.20 -0.42 0.09 
5.3 Experimental results for twin-twin interactions 
5.3.1. The T[111]  tensile case 
 Figure 5.2(a) shows the stress-strain response for a [111]T  sample deformed in tension at 
77K. The stress-strain measures represent true stress and logarithmic strain. The sample was 
deformed to ~ 25% strain in five loading increments and exhibits a Young’s modulus of 180 GPa. 
At the end of the first (D1), third (D3), and fifth (D5) increment, the sample was removed from 
the load frame for high resolution ex-situ DIC (reference and deformed images captured using the 
optical microscope). The resulting strain contour plots of the yy strains (along loading direction) 
at D1, D3 and D5 are illustrated in Figure 5.2 (b), (c) and Figure 5.3(a), respectively. In Figure 
5.2(b), at an early stage of deformation, DIC reveals one activated system. Based on trace analysis, 
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the local strain bands coincide with the intersection of the (111)  crystallographic plane with the 
sample’s surface. The localized strain bands have been associated with deformation twinning as 
shown in Figure 5.3. The observed twin system is identified as (111)[121]  (twin 7) due to its high 
Schmid factor (0.4). At D3, it is evident that additional localized strain bands corresponding to the 
(111)  crystallographic plane emerged (at ~11% strain, see Figure 5.2c) which become more 
pronounced at D5, see Figure 5.3(a). The strain bands along the (111)  plane have been again 
attributed to deformation twinning on the (111)[211]  (twin 10) with a Schmid factor of 0.3. The 
EBSD analysis performed on the deformed sample (~20% strain) corroborates these results 
revealing significant twin activities on both (111)  and (111)  planes as illustrated in Figure 5.3 
(b). Both DIC and EBSD were performed at the center of the gauge section. 
Schematics depicting nucleation and migration of twins at points A and B are illustrated in 
Figure 5.2(a). At point A, it can be noted that only one twin system nucleated and the hardening 
slope at this early stage of deformation is about 1 GPa. At point B, with a second system activated, 
the hardening slope increased to 1.9 GPa introducing an obvious upward shift of the stress-strain 
response. The increase in the hardening slope when multiple twin systems are activated complies 
with earlier literature [138, 180]. This change in the hardening slope is expected to be an outcome 
of the twin-twin interactions, as will be further elaborated in the discussion. The second twin 
system has a lower Schmid factor (0.3) compared to the first one (0.4), however its uniaxial 
nucleation stress (500 ± 10 MPa) is higher than that of the first twin system (410 ± 10 MPa). The 
nucleation stress was determined as the 0.1% offset stress in case of the first twin system. The 
nucleation stress of the second system was approximated at Point B where clear strain bands 
corresponding to the secondary twins were evident according to the ex-situ DIC strain contour 
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plots (see Figure 5.2c). In order to calculate the critical resolved shear stress (CRSS) for the second 
twin system accurately, the crystal orientation was re-measured using EBSD and the Schmid factor 
was re-established for each twin system based on the new orientation. We note that (based on the 
Euler angles) the crystal orientation changed from [0.5791 0.4640 -0.6703] to [0.5434 0.5257 -
0.6545]. The corresponding Schmid factor for the (111)[211]  twin system increased from 0.3 to 
0.34. The resulting CRSS on the first twin system, (111)[121] , is 164 ± 4 MPa and on the second 
twin system, (111)[211] , 170 ± 3 MPa. To that end, the CRSS of both twin systems are identical 
within the limits of uncertainty and are in agreement with the Schmid law. 
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Figure 5.2 (a) The stress-strain response of a [111]T  FeMnNiCoCr sample deformed at 77K in 
tension. The inverse pole figure demonstrates the crystallographic orientation of the undeformed 
specimen. The schematics showing the activation and migration of the twin systems have been 
illustrated at different strain levels at points A and B. (b) The high resolution DIC strain contour 
at the end of the first load increment (D1). The active twin system is identified as (111)[121] , 
which is designated as twin 7 in Table 5.1. (c) The high resolution DIC strain contour at the end 
of the third load increment (D3). The active twin system is identified as (111)[211] , which is 
designated as twin 10 in Table 5.1. The corresponding twin systems associated with the observed 
strain bands and their Schmid factors (m) are noted on the contour plots. 
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Figure 5.3 (a) The high resolution DIC strain contour at D5. (b) The EBSD map taken on the 
deformed [111]T  FeMnNiCoCr sample with ~20% strain. Twin formation can be clearly 
observed displaying a misorientation between matrix and twins of 60˚.  
5.3.2 The C[100]  compressive case 
In Figure 5.4, the stress-strain behavior of a [100]C  sample tested in compression is 
presented, its Young’s modulus is 112 GPa. High resolution ex-situ DIC strain measurements were 
performed at the first (D1) and the third (D3) loading increments. The corresponding strain contour 
plots of the yy strain fields are illustrated in Figure 5.4(a) and (b). As will be confirmed through 
TEM analysis in Chapter 5.3.3, and EBSD data, the localized slip bands are associated with 
twinning on three different systems. It is evident that three twin systems were activated at the early 
stage of deformation (D1 compared to only one system as shown for the [111]T  case. These twins 
were identified as (111)[211] , (111)[211] , and (111)[211]  and the corresponding Schmid 
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factors are 0.48, 0.47, and 0.47 respectively. Their nucleation stress, determined at point C with 
0.1% offset, is 420   10 MPa, which corresponds to a CRSS level of 197   5 MPa. Compared 
to the measured CRSS in the [111]T  case, the difference is within 10%. The twin systems 
observed in the [100]C  case by DIC were also corroborated by the EBSD analysis on the 
deformed sample (~22% strain). The EBSD map is not presented in this paper for brevity. In 
addition, the hardening slope of the [100]C  sample is 2.9 GPa, which is approximately 50% 
higher than that of the [111]T  case (1.9 GPa). The higher hardening slope of the [100]C  case can 
be related with the increase in the number of active twin systems. We will elaborate more on this 
point in the discussion. 
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Figure 5.4 (a) The stress-strain response of a [100]C  FeMnNiCoCr sample deformed at 77K in 
compression. The inverse pole figure shows the crystal orientation of the undeformed sample. (b) 
The high resolution DIC strain contour at the end of the first load increment (D1). The twin systems 
are identified as (111)[211] , (111)[211]  and (111)[211] , which correspond to twin 8, 11 and 9 
in Table 5.1. (c) The high resolution DIC strain contour at the end of the third load increment (D3). 
The corresponding twin systems associated with the observed strain bands and their Schmid factors 
are noted on the contour plots. 
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5.3.3. TEM Analyses 
 
 
 
Figure 5.5 TEM analysis of a [111]T  tension specimen deformed at 77 K to ~ 25%. (a) Traces of 
active planes in the matrix and twins are indicated by black bars and black arrows at the periphery 
of the collage, respectively. Yellow arrows indicate stacking faults in the twinned area. SAED 
patterns evidence the formation of two twin variants. Interaction of the (111)[211]  twin with the 
(111)[121]  twin leads to emission of a large number of dislocations into the (111)[121]  twins 
(indicated by the yellow circle). (b) (111)[211] twin interacting with (111)[121]  twins. (For 
presentation purposes (b) has been rotated relative to (a).) 
Figure 5.5 presents collages of bright-field (BF) TEM and selected area electron diffraction 
(SAED) patterns of a [111]T  sample deformed to ~20% in tension showing twin-twin and slip-
twin/twin-slip interaction. Two active twin systems were observed as evidenced by the SAED. The 
primary system (111)[121]  occupies large parts of the sample and forms very thin to thick twins, 
from 10 nm up to several 100 nm thick, visible in the upper portion of Figure 5.5a. The twinned 
139 
 
volumes contain a high density of dislocations in addition to the stacking faults on the (111)  twin 
plane (Figure 5.5a). At the center of the image, the secondary twin system (111)[211]  interacts 
with the primary twin system driving pronounced dislocation emission into the primary twins. 
Figure 5.5b shows a close-up of a secondary twin interacting with the primary twins. While it cuts 
through the first twin (top Figure 5.5b) it is incorporated by the second twin (magnified portion 
Figure 5.5b) as described by the reaction in Table 5.4. 
 
 
Figure 5.6 TEM analysis of a FeMnNiCoCr [100]C  compression sample deformed at 77K to ~ 
25%. (a) Traces of active planes are marked by black bars and SAED patterns evidence twinning 
on three systems. Black arrows at the periphery of the collage indicate twins. (b) In total, 
combining twinning and slip four active systems were observed interacting with each other. (c) 
Incorporation of (111)[211]  twins into (111)[211]  and (111)[211]  twins. (For presentation 
purposes (c) has been rotated relative to (a) and (b).) 
Figure 5.6 shows BF TEM images and SAED patterns of a [100]C  sample deformed to 
~25% in compression. By TEM three active twin systems were observed on the (111) , (111)  and 
(111) planes. The twins for the [100]C  case having a thickness of several 10 nm are much finer 
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than those for [111]T  (Figure 5.5). In addition to twinning, the aforementioned planes also 
exhibited pronounced slip activity while the fourth close-packed plane (111)  showed only slip 
activity without twinning. The higher number of activated systems compared to the [111]T  case 
leads to more possible interactions, as exemplified in Figure 5.6b and Figure 5.6c.  
Dislocation-based interactions at interfaces, such as twin incorporation (Figure 5.5b and 
Figure 5.6c), leave behind residual Burgers vectors 
rb  at the interaction site. The residual Burgers 
vector’s magnitude | |
rb  is indicative for the associated strengthening [181]. In Chapter 5.3.4, we 
show that for incorporation reactions between the twin systems observed the pertaining | |
rb  
values are larger for [100]C  than for [111]T , ultimately leading to higher hardening for [100]C  
than for [111]T . 
5.3.4. Residual Burgers vector calculation for twin-twin interactions 
The experimental results for the [111]T  and the [100]C  loading cases revealed significant 
differences in the hardening response. The activation of different twin systems in each of these 
orientations/loading conditions, which consequently lead to variations in the dislocation reactions 
during twin-twin interactions, plays a significant role in the observed responses. For example, 
those reactions resulting in residual dislocations with higher magnitudes (i.e., large residual 
Burgers vectors), will have higher associated energy barriers, stress levels, and hardening rates 
compared to interactions proceeding with lower magnitudes of residual dislocation [158, 173]. In 
order to elucidate the origin of the differences in hardening for the [100]C  vs. the [111]T  
orientation we calculate the magnitudes of the residual Burgers vectors | |
rb  providing insight into 
the dislocation reactions generated from the observed twin-twin interactions. Based on the TEM 
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analyses shown in Figure 5.5b and Figure 5.6c, we consider the case where the incoming twinning 
partial gets incorporated into the twin boundary thereby nucleating a twinning partial on the 
boundary of the barrier twin and leaving behind a residual dislocation Burgers vector (
rb ) at the 
intersection. The twinning partial formed on the barrier twin boundary is glissile and thus will 
move under the action of an appropriate resolved shear stress leading to the migration of the barrier 
twin perpendicular to the twin plane. The glissile twinning partial participates in the migration of 
the latent twin and plays a key role in the strain hardening levels on theoretical grounds. Figure 
5.7 displays an example from the [111]T  case for the incorporation of incoming twinning partials 
into the barrier twin boundary as observed by TEM. A select BF image of the interaction site where 
both incident and barrier twins carry dislocations on their boundaries is shown in Figure 5.7a. 
Images like this demonstrate that the area of intersection (indicated by the circle) contains a high 
number of dislocations - the residuals left behind by the incorporation reaction. Figure 5.7b 
presents a 3-dimensional model of the dislocation and interface configuration imaged in the TEM 
micrograph of Figure 5.7a, where a primary (111)[121]  twin impedes a secondary (111)[211]  
twin from growing lengthwise. 
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Figure 5.7  (a) A two-beam BF image of the interaction site of a secondary (111)[211] twin with 
a primary (111)[121]  twin in a [111]T  specimen. Several twinning dislocations, marked by 
arrowheads, are present on the twin boundaries. Their assumed direction of movement is indicated 
by arrows. The area marked by the circle contains a high strain density from residual dislocations. 
The (022) reflection of the matrix crystal was tilted into the two-beam condition to obtain the 
image. (b) A model of the interaction site constructed from a series of tilted images such as in (a) 
illustrating the 3-dimensional arrangement of dislocations and interfaces around the interaction 
site. The high dislocation density in the region marked by the circle prevented the reconstruction 
of the exact dislocation arrangement therein. The Thompson tetrahedron (following the notation 
in [182]) shows the coordinate system of the matrix; dislocations are color coded according to their 
Burgers vectors; blue and green planes correspond to twin planes of the primary and the secondary 
system, respectively. 
The magnitude of the residual Burgers vector | |
rb  is given by 
= +  = −| | | |in out r r in outb b b b b b  , where inb  is the Burgers vector of the incoming Shockley 
partial and 
outb  the Burgers vector of the Shockley partial for the pre-existing barrier twin. The 
calculation of | |
rb  needs to be performed in the same coordinate frame. Therefore, in our 
calculation, 
outb was transformed to the coordinate frame of 
inb . Interacting twin systems can be 
readily observed from the TEM analysis for [111]T  and [100]C  cases (see Figure 5.5 and Figure 
5.6). For ease of discussion, the twin systems were designated according to Table 5.1 in the 
following treatment. For example, in the [100]C sample (see Figure 5.6c), the incoming twin 
system is (111)[211] , which is referred to as twin 9 (T9), while the barrier twin system, 
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(111)[211] , is designated as twin 11 (T11, see Table 5.1). After coordinate transformation, the 
[211]  direction in the coordinate frame of twin 11 (T11) becomes [255]  in the twin 9 (T9) 
coordinate frame, i.e. 
11 9
1 1
[211] [255]
6 18
T T= . According to the earlier literature [168-171], it is 
necessary to incorporate triplets of incident twin dislocations to obtain steps of integral multiples 
of the inter-planar distance for {111} planes at the interface of the barrier twin. Therefore, in the 
coordinate frame of T9, the dislocation reaction can be expressed as 
3 [211] [255] | | 0.94
6 18
r ra a b b a = +  = , where a is the lattice constant. The corresponding 
| |rb  of all possible twin-twin interactions (incorporation) are tabulated in Table 5.4. Inverting the 
reaction direction by replacing the incoming with the barrier twin system and vice versa leads to 
similar | |
rb . Note that | |
rb  for the [111]T  sample is lower than for the interactions in the 
[100]C  sample except where twin 8 interacts with twin 9. The lower | |
rb  for [111]T  is 
consistent with its lower hardening rate relative to [100]C . This observation once again 
strengthens the notion that | |
rb  is directly related to the degree of strengthening attendant to 
dislocation reactions at intersecting interfaces.  
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Table 5.4 Magnitudes of the residual Burgers vectors | |
rb  for the twin systems observed by DIC 
and TEM for both [111]T  and [100]C  samples.  
Loading 
direction 
Incoming 
twinning partial 
(
inb ) 
Barrier 
twinning partial 
(
outb ) 
Residual Burgers vector 
( | |
rb ) 
[111]T   103 [211]
6
T
a
 
7[121]
6
T
a
 0.7a 
[100]C  
 9
a
3 [211]
6
T
 
8
a
[211]
6
T
 0.59a 
 9
a
3 [211]
6
T
 
11
a
[211]
6
T
 0.94a 
 11
a
3 [211]
6
T
 
8
a
[211]
6
T
 1.22a 
* T7, T8, T9, T10 and T11 represents the corresponding coordinate frame of twin systems 7, 8, 9, 10 and 11. 
 
5.4 Calculation of the latent hardening moduli for twin-twin interaction 
 
It has been well-established that there are four different mechanisms that can contribute to 
the overall hardening of a single crystalline material, slip-slip, slip-twin, twin-slip and twin-twin 
interactions [138, 168-172, 176]. For a proper understanding of the hardening response, the 
contribution from each of these four different mechanisms has to be evaluated. As discussed 
previously, the different hardening moduli 
−slip sliph , 
−slip twinh , 
−twin sliph  and 
−twin twinh   have been used 
to capture the separate contribution from each of the possible reactions contributing to the 
strengthening of the single crystal. In this section, we focus on acquiring the hαβ values associated 
with twin-twin interactions, since they dominate the hardening as we will demonstrate. Based on 
the post-mortem TEM and EBSD analysis (Figures 2b, 4b and 5c), it is evident that the twin 
activities dominate the deformed microstructures, warranting to assume that plastic deformation 
of both [111]T  and [100]C  FeMnNiCoCr single crystals is mainly accommodated by twin 
activities. A summary of the experiments used to extract the hαβ values for twin-twin interactions 
is shown in Table 5.5. As for the contribution due to slip-slip, slip-twin and twin-slip interactions, 
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the corresponding hαβ values can be determined based on the previous study by Abuzaid et al. 
[135]. The corresponding calculation procedures and results are shown in Chapter 5.5. 
Table 5.5 A summary of the experiments used to extract the hαβ values associated with twin-twin 
interactions 
Twin-Twin Experiment Remark 
77
isoh  [111] Tension A to A' 
−
77
twin twinh   [111] Tension B to B' 
−
1010
twin twinh   [111] Tension B to B' 
−
710
twin twinh  
−
107
twin twinh   [111] Tension B to B' 
−
89
twin twinh  
−
98
twin twinh   [100] Compression C to C' 
−
911
twin twinh  
−
119
twin twinh   [100] Compression C to C' 
−
811
twin twinh  
−
118
twin twinh   [100] Compression C to C' 
 
The moduli of self hardening ( 
−twin twinh ) and latent hardening 

−twin twinh  (α ≠ β) due to twin-
twin interactions were calculated for both [111]T  and [100]C  cases using the constitutive 
equation (Equation 2). We confirmed 2 systems nucleated for the [111]T  sample and 3 systems 
for the [100]C  sample based on DIC and TEM analysis. In the [111]T  case, the systems were 
activated consecutively (see Figure 5.2), where a primary twin system was initiated at the early 
stage of deformation and nucleation of a secondary system ensued at higher strains. We calculated 

−twin twinh  and 
−twin twinh  (α ≠ β) associated with the [111]T  loading case when both the primary and 
latent systems are present (B to B’ in Figure 5.2a). 
−twin twinh  of the [100]C  sample was also 
calculated from C to C’ using Equation 2. Since nucleation of all three twin systems occurred 
simultaneously, several assumptions have to be proposed in order to facilitate the calculation. In 
the following sections, we will elaborate on the procedures we established to obtain the hαβ values 
for both [111]T  and [100]C  cases. 
146 
 
5.4.1 The T[111]  loading case 
For [111]T   the range B to B’ (shown in Figure 5.2a) uncovered a clear interaction 
between the primary twin system 7 and the latent twin system 10 permitting to extract the strain 
hardening moduli for these two systems. Adapting Equation 5.2 for this particular case, the 
correlation between the increase of shear stress and the shear strain increment can be expressed as 
follows, 
                                          (7) (7) (10)77 710
− −= +twin twin fcc twin twin fcccritical twin twin twin twind h df h df                                       (5.3a) 
                                          (10) (7) (10)107 1010
− −= +twin twin fcc twin twin fcccritical twin twin twin twind h df h df                                       (5.3b) 
where −107
twin twinh and −710
twin twinh  are the terms governing the latent hardening response due to the 
interaction between twin 7 and twin 10 and −77
twin twinh  and −1010
twin twinh are the twin self hardening 
moduli. We defined that, in the case of twin-twin interaction, the off-diagonal terms can be related 
to the diagonal terms with a proportionality parameter q, which is also analogous to what has been 
employed in the slip case [139, 183, 184]. The magnitude of q associated with different twin-twin 
interactions is expected to be different. In this section, we demonstrate the calculation for the q 
value associated with the interaction between twin 7 and twin 10. Inspired by the framework of 
the slip-induced latent hardening response proposed by Wu et al. [139], the relationship between 
the two self hardening moduli can be expressed as follows, 
                                                                 
−
−
 
twin twin
1010
twin twin
77
h
M
h
                                                           (5.4) 
where   is the ratio between the shear strain increment associated with twin 7 and twin 10, i.e.
 (7) (10)/ ~ 1.35twin twind d , and M is the ratio between the Schmid factors of the twin systems. After 
integrating Equation 5.2 from B to B’ with Equation 5.4 incorporated, the following expressions 
can be obtained, 
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(7 ) (10)(7)
' ' '
(7 ) (10)(7)
(7) (7) (10)
77 77
− −= +   
B B B
B B B
m f f
fcc twin twin fcc twin twin
critical twin twin twin twin
m f f
d h df q M h df


                      (5.5a) 
                         
(7 ) (10)(10)
' ' '
(7 ) (10)(10)
(10) (7) (10)
77 77
− −= +   
B B B
B B B
m f f
fcc twin twin fcc twin twin
critical twin twin twin twin
m f f
d q h df M h df


                      (5.5b) 
where 
(7 )
B'f , 
(7 )
Bf , 
(10 )
B'f  and 
(10 )
Bf represent the volume fractions of twin 7 at point B’ and point B 
and twin 10 at point B’ and point B, respectively. We designated that the hardening moduli are 
constant at the considered strain level. It is necessary to solve for q and 
−twin twin
77h  in order to 
establish the latent hardening terms. The stress levels at point B and point B’ are taken as  'B  = 
650 MPa and  B  = 575 MPa (see Figure 5.2). We estimated the volume fractions of the observed 
twin systems based on the ex-situ DIC strain contours. Each localized strain band represents a 
certain amount of volume fraction of twinning. The total volume fraction was inferred from the 
areal fraction of the localized strain bands over the entire gauge section (~3 mm x 10 mm). Figure 
5.8 illustrates the evolution of the twin volume fraction as a function of strain for all observed twin 
systems for [111]T  and [100]C . From Figure 5.8a, we can approximate the volume fractions of 
twin 7 and twin 10 as 
(7 )
B'f ~14.5%, 
(10 )
B'f ~2 %, 
(7 )
Bf ~11.5% and 
(10 )
Bf  ~0%. Due to the strong 
plastic deformation, the crystal orientation was re-measured at point B using EBSD. The 
corresponding Schmid factors of twin 7 and twin 10 were re-calculated as m(7) = 0.38 and m(10) = 
0.34. Solving Equations 6a and 6b, the unknowns are calculated as q = 0.32 and 
−
77
twin twinh  = 1.17 
GPa. Using Equation 4, 
−
1010
twin twinh can be determined from 
−
77
twin twinh  as 1.29 GPa. Consequently, the 
latent hardening terms are 
−
710
twin twinh = 0.40 GPa and 
−
107
twin twinh  = 0.37 GPa. Note that 
− −
710 107~
twin twin twin twinh h , which also complies with earlier reports where symmetry of the {hαβ} matrix 
is often assumed [183, 185, 186].  
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Figure 5.8 The evolution of volume fraction of each twin system as a function of strain. The dashed 
lines are added to aid the eyes. 
5.4.2 The C[100]  loading case 
In the [100]C  sample, three twin systems were activated at the early stage of deformation 
(see Figure 5.4b). The flow stress increment for each system can be expressed as the following, 
                     
(8) (8) (9) (11)
88 89 811
− − −= + +twin twin fcc twin twin fcc twin twin fcccritical twin twin twin twin twin twind h df h df h df                       (5.6a) 
                     
(9) (8) (9) (11)
98 99 911
− − −= + +twin twin fcc twin twin fcc twin twin fcccritical twin twin twin twin twin twind h df h df h df                       (5.6b) 
                     
(11) (8) (9) (11)
118 119 1111
− − −= + +twin twin fcc twin twin fcc twin twin fcccritical twin twin twin twin twin twind h df h df h df                       (5.6c) 
As expected, the latent hardening description becomes increasingly complex as the number of 
systems increase and a satisfactory methodology to establish all constants is rather difficult. Since 
we have 6 unknowns and 3 equations, several assumptions were made in order to facilitate the 
calculation, as justified below. In this work, we focus on the latent hardening terms (
−
89
twin twinh ,
−
118
twin twinh and
−
119
twin twinh ) which can give insight into the latent hardening response of the material due 
to twin-twin interactions. As  all 12 {111}<112> fcc twinning systems are crystallographically 
equivalent, we expect the diagonal terms, 
−
88
twin twinh , 
−
99
twin twinh , and 
−
1111
twin twinh , to be identical in value 
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and equal to the average of 
−
77
twin twinh  and 
−
1010
twin twinh  calculated for the [111]T  case. Furthermore, 
we assume that the hardening matrix  twin twinh −  is symmetric, i.e. 
−
89
twin twinh  =
−
98
twin twinh  , 
−
118
twin twinh  = 
−
811
twin twinh  and 
−
119
twin twinh =
−
911
twin twinh  . Under these circumstances, the calculation of the corresponding 
hardening coefficients can be accomplished as the number of the linearly-independent equations 
and unknowns are equal, i.e. 3. After integration, Equations 5.6a, 5.6b, and 5.6c become the 
following, 
          
(8 ) (9) (11)(8)
' ' ' '
(8 )
(8) (8) (9) (11)
88 89 811
0 0 0
− − −= + +   
C C C C
C
m f f f
fcc twin twin fcc twin twin fcc twin twin
critical twin twin twin twin twin twin
m
d h df h df h df


              (5.7a) 
          
(8 ) (9) (11)(9)
' ' ' '
(9 )
(9) (8) (9) (11)
98 99 911
0 0 0
− − −= + +   
C C C C
C
m f f f
fcc twin twin fcc twin twin fcc twin twin
critical twin twin twin twin twin twin
m
d h df h df h df


              (5.7b) 
          
(8 ) (9) (11)(11)
' ' ' '
(11)
(11) (8) (9) (11)
118 119 1111
0 0 0
− − −= + +   
C C C C
C
m f f f
fcc twin twin fcc twin twin fcc twin twin
critical twin twin twin twin twin twin
m
d h df h df h df


            (5.7c) 
The experimental data,  'C  (~720 MPa), 
(8)
'Cf  (~8.9%), 
(9)
'Cf  (~11.7%) and 
(11)
'Cf  (~6.1%) are 
extracted at point C’ from the stress-strain curve of the [100]C sample (see Figure 5.4). By solving 
Equations 5.7a, 5.7b and 5.7c, the latent hardening terms are obtained as 
−
89
twin twinh  = 0.32 GPa, 
−
119
twin twinh = 0.44 GPa and 
−
118
twin twinh = 0.86 GPa. We summarize the self hardening and latent 
hardening moduli computed based on the experimental measurements for the observed twin-twin 
interactions in Table 5.6. It is evident that the latent hardening moduli (
−
89
twin twinh , 
−
107
twin twinh , 
−
119
twin twinh  and 
−
118
twin twinh ) are smaller than the self hardening moduli, which is consistent with the 
result found by Wu et al. [139]. Close examination of the | |
rb  value (see Table 5.4) in comparison 
with hαβ (α ≠ β), shows that when the | |
rb  value is the highest, i.e. 1.22a, the corresponding latent 
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hardening moduli culminate among all possible reactions, i.e. 
−
118
twin twinh  = 0.81 GPa. This result 
also infers a possible correlation between | |
rb  and hαβ (α ≠ β). 
Table 5.6 The hαβ values for different twin interactions determined from the experiments 
 hαβ (GPa) 
rb| |  
Self hardening 
−
77
twin twinh  * 1.17 - 
−
1010
twin twinh  * 1.29 - 
Latent Hardening 
−
89
twin twinh  + 0.32 0.59a 
−
107
twin twinh  * 0.37 0.70a 
−
119
twin twinh  + 0.44 0.94a 
−
118
twin twinh  + 0.86 1.22a 
                                            * determined from the [111]T  loading case 
                                            + determined from the [100]C  loading case 
5.4.3 Insight into the self hardening modulus of isolated twinning 
It is feasible to obtain the self hardening modulus of isolated twinning (single twin system 
active without prior slip or twin activity on other systems) at the early stage of deformation (A to 
A’, see Figure 5.2a) in the [111]T  case. Figure 5.2b demonstrates that the total plastic strain was 
accommodated by only one twin system (twin 7) in the [111]T  case. Since we acquired similar 
CRSS values for twin 7 and twin 10 at point A and point B, respectively, it is fair to assume that 
no latent hardening has occurred from A to B. Consequently, the hardening can be expressed as 
follows, 
                                                     
(7) (7)
77
−= iso twin fcccritical twin twind h df                                                           (5.8) 
where 77
isoh  is the self hardening modulus of the isolated twin system 7. After integration, Equation 
5.8 becomes the following, 
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(7 )(7)
' '
(7 )
(7) (7)
77
0
−= 
A A
A
m f
fcc iso twin
critical twin twin
m
d h df


                                             (5.9) 
where (7)m  is the Schmid factor of twin 7, and 
(7)
'Af   is the volume fraction of twin 7. The 
calculation of 77
isoh   was performed at the end of the loading process of strain increment D1 (see 
point A’ in Figure 5.2) where  'A  is 445 MPa (prior to unloading). Then, the shear strain was 
approximated as 
(7)
' 7.4% 0.707 5.2%=  =A twinf   for point A’ in Figure 5.2a. Using these 
experimental results for [111]T and Equation 5.9, we can derive an estimate of the self hardening 
modulus for an isolated twin system as 77
−iso twinh  = 0.15 GPa. This value is almost ten times smaller 
than the one obtained from the case where both primary and latent systems are present, i.e. 
−
77
twin twinh  = 1.1 GPa. 
5.5 Experimental results for slip-slip and twin-slip/slip-twin interactions 
5.5.1 Stress-strain responses 
The self and latent hardening moduli of slip-slip and slip-twin\twin-slip interactions based 
on the stress-strain responses are determined in this project as well. The stress-strain curves of the 
nominal [212]T , [149]T and [414]T  cases are summarized in Figure 5.9 and Figure 5.10.  
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Figure 5.9 The mechanical responses of the FeMnNiCoCr single crystals orientated along [212]T  
and [149]T  from previous work by [135]. The ex-situ DIC strain contours at different strain levels 
are included for each case corresponding to slip-slip and slip-twin interaction. The TEM 
micrograph illustrates the interaction between slip and twinning. 
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Figure 5.10 A summary of the mechanical responses of single crystals oriented along [100]C , 
[111]T , [212]T  and [414]T  together with select DIC strain contours. Error bars for the [414]T
case demonstrate the reproducibility of the softening behavior. 
Figure 5.10 illustrates the mechanical responses (up to ~11% of strain) of the chosen single 
crystals deformed at 77 K with the ex-situ DIC strain contours showcased for each loading 
orientation. The localized DIC bands correspond to twin or slip systems which were identified via 
trace analysis. For example, in the [414]T case, the localized strain bands match with the 
intersections of the (111)  and (111)  planes with the sample surface. Then, due to their high 
Schmid factors, the activated systems were identified as (111)[011]  (slip 1’, m = 0.33) and 
(111)[121]  (twin 7, m = 0.49). In the [212]T case, deformation was accommodated by a single 
slip system (slip 7’, m = 0.40) at small strains and the nucleation of a secondary twin system (twin 
5, m = 0.30) ensued at higher strains. In Figure 5.9, the latent hardening moduli for slip-slip 
interactions are calculated from the [149]T where two slip systems were found activated (slip 3’, 
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m = 0.46 and slip 6’, m = 0.48). The twin systems observed were further corroborated by additional 
EBSD (Figure 5.11) and TEM analyses (Figure 5.12) in each case, which is an important step for 
the hardening analyses.  
 
Figure 5.11 EBSD orientation maps of single crystals oriented strained in tension to ~ 11% along 
(a) [212]T  and (b) [414]T . 
 
Figure 5.12 Two examples for TEM micrographs showing the interaction of secondary twinning 
with primary slip. 
From Figure 5.10, the twin nucleation stress, determined with 0.1% offset, is 410   10 
MPa in the [111]T  case and 420   10 MPa in the [100]C case, which correspond to critical 
resolved shear stresses (CRSS) of 164  4 MPa and 197  5 MPa. The resultant averaged CRSS 
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for twinning is approximately 180 MPa, in agreement with theory [187]. Similarly, the slip 
nucleation stress, determined with 0.1% offset, is 380   10 MPa and 350   10 MPa in the 
[212]T  case and the [414]T case, respectively. The associated CRSS for slip 7’ and slip 1’ is 163.4 
  4 MPa and 154   4 MPa, which gives an averaged value of approximately 159 MPa in very 
good agreement with  previously reported values [135]. 
 It is evident from Figure 5.10 that the strain hardening slope, /d d  , associated with twin-
twin interaction is significantly higher than that for slip-twin/twin-slip interaction. For example, 
when a single crystal is strained along [100]C , /d d   can reach an order of ~ 3 GPa as shown in 
Figure 5.10. This value exceeds the hardening slope of slip-twin/twin-slip interactions for [212]T  
(~ 0.5 GPa) and [414]T cases (~ -0.62 GPa) by far. In particular the [414]T case shows an unusual 
strain softening response. This softening behavior was validated with multiple experiments as the 
error bars in Figure 5.10 demonstrate. A plausible explanation for the unusual stress-strain 
response are residual dislocations (
rb ) left behind at interactions sites on twin boundaries, which 
we will discuss later. The residuals modify the twin migration energy barrier which results in 
raising the twin stress in some cases and lowering it in others. At the outset, we should point out 
that twin-twin interactions result in rather long residual Burgers vectors which translate into 
considerable strain hardening, while under slip-twin interactions the residual Burgers vectors are 
much shorter. We will elaborate on this result in the next section. 
Furthermore, upon examination of the full field DIC strain contours we discovered 
pronounced differences in strain localization for the [414]T case compared to the others (the 
[111]T loading case is shown here). Figure 5.13 illustrates the strain contour over the entire gauge 
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section for the [414]T and [111]T loading cases. Note that with the migration of the twin from 
low to high strain level, the strain localization moves from the bottom to the top of the sample in 
the [414]T case. Such behavior can also be related to the unusual strain softening behavior 
associated with the [414]T case. 
 
Figure 5.13 Full-field (3 mm x 10 mm) strain contours at different axial strain intervals. The images 
illustrate the spatial strain distribution for (a) the [414]T case from 0 to 3% strain, (b) the [414]T
case from 8 to 10% strain and (c) the [111]T case from 8 to 10% strain. 
Figure 5.14 illustrates the change of loading direction for each of the four single crystal 
orientations upon deformation to an axial strain of 10%. The Schmid factors for the activated 
systems were re-established based on the updated crystal orientations and the results are tabulated 
in Table 5.7. Note that comparing the Schmid factors at ~ 10% of strain to those of the pristine 
crystals (Tables 5.1, 5.2 and 5.3) evidences rather small differences. Also, we emphasize that the 
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exact orientations measured by EBSD were used in Schmid factor calculations (initial vs. strained) 
but for simplicity we designate them nominally as [100]C , [111]T , [212]T  and [414]T . 
 
Figure 5.14 Evolution of loading direction for each crystal orientation from 0% to ~10% axial 
strain. 
Table 5.7 The updated Schmid factors for the activated systems based on the loading orientations 
at ~ 10% axial strain. 
Nominal  
orientation 
Activated systems 
Schmid factor 
at ~10% strain 
[100]C  
Twin 8 0.47 
Twin 9 0.44 
Twin 11 0.47 
[111]T  
Twin 7 0.36 
Twin 10 0.34 
[212]T  
Slip 7' 0.41 
Twin 5 0.29 
[414]T  
Slip 1' 0.34 
Twin 7 0.49 
 
5.5.2 Determination of the hardening moduli hαβ for slip-slip, slip-twin and twin-slip cases 
The slip-slip, slip-twin and twin-slip calculations are showcased in this chapter. We 
summarize the experiments and intervals from which the hαβ values were extracted in Table 5.8. 
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Table 5.8 A summary of the experiments used to extract the hαβ values associated with slip-slip 
and slip-twin interactions 
Slip-Slip   
7 '7 '
−iso sliph  [212] Tension D to D' 
−
3'3'
slip sliph  
−
6'6'
slip sliph   [149]Tension F to F' 
−
3'6'
slip sliph  
−
6'3'
slip sliph   [149]Tension F to F' 
Slip-Twin/Twin-Slip   
−
7'10
slip twinh  
−
107'
twin sliph   [212] Tension E to E' 
1'7
−slip twinh  71'
−twin sliph  [414] Tension G to G’ 
I. Slip-slip interactions 
The self hardening modulus of an isolated slip system in case of single slip, 7 '7 '
−iso sliph , was 
determined from D to D’ on the stress-strain curve of the [212]T  loading case. Adapting Equation 
5.1 for this particular case, the increment of flow stress is related to the shear strain increment as 
follows: 
                                                      
(7 ') (7 ')
7 '7 '
−= iso slipcritical slipd h d                                                          (5.10) 
After integration, Equation 5.10 becomes the following: 
                                               
(7 ') (7 ')
' '
(7 ') (7 ')
(7 ') (7 ')
7 '7 '
−= 
D D
D D
m
iso slip
critical slip
m
d h d
 
 
                                             (5.11) 
where the shear strain at point D’, 
(7 ')
'D , acting on the slip system 7’ is approximated as 
 (7 ')
(7 ')
yy
m
 and 
 (7 ')yy  is the local strain determined from the DIC strain contour (see Figure 5.9). By solving 
Equation 5.11 with the parameters listed in Table 5.9, the self hardening coefficient for an isolated 
slip is calculated as 7 '7 ' 0.019 GPa.
− =iso sliph     
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Table 5.9 The stress and strain values used to compute the hardening modulus 7 '7 '
−iso sliph . 
σD σD’ 
(7')
yy  
MPa MPa  
412 420 7% 
The latent hardening terms, 
−
3 '6 '
slip sliph  and 
−
6 '3 '
slip sliph , were determined from F to F’ on the stress-strain 
curve of the [149]T  loading case. Similarly, after applying and integrating Equation 5.1 from F 
to F’, we arrive at the following expressions, 
                                   
  
  
  − −= +  
(3 ') (3 ') (6 ')
' ' '
(3 ') (3 ') (6 ')
(3 ') (3 ') (6 ')
3 '3 ' 3 '6 '
F F F
F F F
m
slip slip slip slip
critical slip slip
m
d h d h d                         (5.12a) 
                                   
  
  
  − −= +  
(6 ') (3 ') (6 ')
' ' '
(6 ') (3 ') (6 ')
(6 ') (3 ') (6 ')
6 '3 ' 6 '6 '
F F F
F F F
m
slip slip slip slip
critical slip slip
m
d h d h d                         (5.12b) 
where the shear strains, 
(3 ')
'F and 
(6 ')
'F , acting on the slip systems 3’ and 6’, respectively, are 
approximated as 
 (3 ')
(3 ')
yy
m
 and
 (6 ')
(6 ')
yy
m
. Let
− −=3 '6 ' 6 ' 6 '
slip slip slip sliph qh , 
− −=6 '3 ' 3 '3 '
slip slip slip sliph qh  and 
− −= 6 '6 ' 3 '3 '
slip slip slip sliph Mh  so that the only unknowns are q and
−
3 '3 '
slip sliph . By solving Equations 5.12a 
and 5.12b with the parameters listed in Table 5.10, the unknowns are determined as q = 0.48 and 
−
3 '3 '
slip sliph  = 0.023. The strain hardening coefficients associated with slip-slip interactions are 
expressed in Equation 5.13. Note that the self hardening modulus of the isolated slip system 
( 7 '7 ' 0.019 GPa
− =iso sliph ) is smaller than that of the case where two slip systems are present 
( 3 '3 ' 0.023 GPa
− =slip sliph ). However, both the 7 '7 '
−iso sliph  and 
−
3 '3 '
slip sliph  are significantly smaller than 
the hardening moduli (self and latent) for the twin-twin case (Table 5.6).   
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Table 5.10 The stress and strain values used to compute the hardening moduli
−
3 '3 '
slip sliph , 
−
3 '6 '
slip sliph , 
−
6 '3 '
slip sliph  and 
−
6 '6 '
slip sliph .  
σF σF’ 
(3')
yy  
(6')
yy  
MPa MPa   
300 305 3.4% 3.2% 
 
                                                                                       
−
−
−
−
   
   
   =
   
   
    
3 '3 '
3 ' 6 '
6 '3 '
6 ' 6 '
0.023
0.012
 GPa
0.011
0.022
slip slip
slip slip
slip slip
slip slip
h
h
h
h
                                          (5.13) 
II. Slip-twin/twin-slip interactions        
The latent hardening moduli for slip-twin/twin-slip interactions, 
−
7 '10
slip twinh and
−
107 '
twin sliph , were 
determined from E to E’ on the stress-strain curve of the [212]T  loading case. Applying the strain-
rate independent crystal plasticity formula in Equation 5.1 for this particular case, the resolved 
flow stress increment can be related with the shear strain increment as follows: 
                                    
−= − +(7 ') (10) (7 ') (10)7 '7 ' 7 '10 (1 )
slip twin
critical twin slip twin twind h f d h df                   (5.14a) 
                                    
−= − +(10) (10) (7 ') (10)107 ' 1010 (1 )
twin slip
critical twin slip twin twind h f d h df                   (5.14b) 
After integrating Equations 5.14a and 5.14b from E to E’, we arrive at the following expressions: 
                    
 
 
  −= − +  
(7 ') (7 ') (10)
' ' '
(7 ') (7 ') (10)
(7 ') (10) (7 ') (10)
7 '7 ' ' 7 '10(1 )
E E E
E E E
m f
slip twin
critical E slip twin twin
m f
d h f d h df      (5.15a) 
                     
 
 
  −= − +  
(10) (7 ') (10)
' ' '
(10) (7 ') (10)
(10) (10) (7 ') (10)
107 ' ' 1010(1 )
E E E
E E E
m f
twin slip
critical E slip twin twin
m f
d h f d h df    (5.15b) 
where 
(10)
Ef  and 
(10)
'Ef  are the volume fractions of twin 10 at points E and E’, respectively. We 
assumed that the nucleation of the twin system just occurred at point E so that 
(10)
Ef  is 
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approximately zero and 
(10)
'Ef is approximated from the ex-situ DIC strain contour. It is also 
important to note that the ex-situ DIC strain contour associated with the load increment from E to 
E’ represents the incremental accumulation of plastic strain and not the total strain. The reason for 
this is that additional surface polishing is required to re-establish a satisfying speckle pattern to 
enable the continued high-resolution DIC measurement at 77K. Nonetheless, from the local plastic 
strain, 
(7 ')
yy  ,  associated with the slip system we can still obtain the increase of the shear strain, 
(7 ')
(7 ') (7 ')
' (7 ')

− =
yy
E E
m

  , for this particular load increment. The shear strain for single slip was also 
derived from the geometric equation proposed by Bell and Green [188]. The result is very close to 
the one determined from 

m

 at the considered strain level in this study. 
Since the relationship between 7 '7 '
twin twinh −  and 1010
slip sliph −  is unknown in the case where both 
slip and twinning are active, we use the values that correspond to the self hardening of an isolated 
twin and slip in order to gain an insight into the maximum latent moduli, 
−
107 '
twin sliph and 
−
7 '10
slip twinh :
7 '7 ' 7 '7 '~
isoh h  , 1010 77~
isoh h . The parameters used to solve Equations 5.15a and 5.15b are tabulated 
in Table 5.11 and the resulting hardening moduli are expressed in Equation 5.16.    
Table 5.11 The parameters used to compute the hardening moduli 
−
107 '
twin sliph   and
−
7 '10
slip twinh  . 
σE σE’ 
(10)
Ef   
(10)
'Ef   
(7')
yy   
MPa MPa    
450 460 0% 6% 4% 
 
                                                                                   107 '
7 '10
0.055
 GPa
0.042
−
−
   
=   
  
twin slip
slip twin
h
h
                                       (5.16) 
162 
 
In [414]T , the interaction between slip system 1’ and twin system 7 is evident (Figure 
5.10-Figure 5.11 and Figure 5.12) and the governing Equation 5.1 can be modified into 
                                          1' 1'1' 7 1' 1'7 7 (1 )
− −= − +crit slip slip twin slip slip twin twin twind h f d h df                         (5.17a) 
                                          7 71' 7 1' 77 7 (1 )
− −= − +crit twin slip twin slip twin twin twin twind h f d h df                       (5.17b) 
After integrating from A to A’ (marked in Figure 5.2), Equations 5.17a and 5.17b can be modified 
as the following, 
                           
' '
1' ' 1' 7
1' 1' 7
'
1' 1'1' 7 1' 1'7 7(1 )
− −= − +  
A A
A
A A
A
m f
crit slip slip A slip slip twin twin twin
m f
d h f d h df
 
 
                     (5.18a) 
                           
' '
7 ' 1' 7
7 1' 7
'
7 71' 7 1' 77 7(1 )
− −= − +  
A A
A
A A
A
m f
crit twin slip A slip twin twin twin twin
m f
d h f d h df
 
 
                     (5.18b) 
In the present context we take the hardening moduli 1'1'
−slip sliph  and 77
−twin twinh  as the self hardening 
due to isolated slip and twinning, respectively, to facilitate solving for the twin-slip/slip-twin 
moduli. Note that the self hardening of isolated twinning and slip can be calculated using the strain 
hardening slopes, i.e. 
2/ /=d d m d d    , at the early stage of deformation in the [111]T  and 
[212]T cases, respectively, as we have showed before. The volume fraction of twinning at Point 
A’, 
'
7
Af , is approximated as 3.6% from the DIC strain contour. A sufficiently accurate estimate of 
the twin volume fraction is the areal fraction of the strain bands corresponding to twinning over 
the entire gauge section (see Figure 5.13a). The shear strain of slip, 1' 5.4%=
s , is given by the 
mean strain in the untwinned volume determined from the DIC strain contour.  A  and  'A  are 
extracted from the stress-strain curve of the [414]T  case (Figure 5.10) as 350 MPa and 340 MPa, 
respectively. Solving Equations 7a and 7b with these parameters, we obtain 1'7
−s twh  as -90 MPa and 
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71'
−tw sh  as -15 MPa. Following the same method, we calculated the hardening moduli corresponding 
to the twin-twin cases. The detailed calculation procedure has been demonstrated in Chapter 5.4.  
A summary of the resulting hαβ values from different interactions are listed in Table 5.12. 
It is important to note that 77
−iso twinh and 7 '7 '
−iso sliph  denote the self hardening due to an isolated twin 
and an isolate slip system. In the case of twinning, we found that 77
−iso twinh  is significantly smaller 
than the self-hardening moduli, 77
−twin twinh and 1010
−twin twinh , when both primary and latent systems are 
present. Under the same scenario, it is also evident that the latent hardening moduli are smaller 
than the self hardening moduli. 
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Table 5.12 A summary of the strain hardening coefficients determined from the experimental data. 
Twin-Twin 
h  
(MPa) 
Experiment 
iso twinh77
−  150 
T[111]  
twin twin twin twinh h77 1010 
− −
 1100 
twin twin twin twinh h710 107( )
− −
 370 
twin twin twin twinh h811 118( )
− −
 860 
C[100]  
twin twin twin twinh h911 119( )
− −
 440 
twin twin twin twinh h89 98( )
− −
 320 
Slip-Twin/Twin-Slip   
iso sliph7 '7 '
−
 19 
T[212]  
slip twinh7 '5
−
 55 
twin sliph57 '
−
 42 
slip twinh1'7
−
 -90 
T[414]  twin sliph71'
−
 -25 
Slip-Slip   
slip sliph3'3'
−
 23 
T[149]  
slip sliph3'6'
−
 12 
slip sliph6'3'
−
 11 
slip sliph6'6'
−
 22 
5.5.3 Examination of residual Burgers vectors 
We calculated the magnitudes | |
rb  of the residual Burgers vectors generated at the twin 
boundaries for possible interactions between the observed active slip and twin systems; Table 5.13 
provides a summary. At the outset, we should point out that twin-twin interactions result in rather 
high residual Burgers which translate to considerable strain hardening, while under slip-twin 
interactions the residual Burgers vector magnitudes are much lower. These residuals represent 
debris left behind at the interaction site inasmuch they are incoming dislocation components unable 
to transfer across the boundary or glide away from the interaction site. Only the most plausible 
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reactions resulting in low | |
rb  [189] and minimal line energy (estimated by Frank’s criterion [190]) 
are included in Table 5.13. | |
rb of the twin-twin interactions ranges from 0.59a to 1.22a, where a 
is the lattice constant of FeMnNiCoCr. It is evident that the | |
rb  values of twin-twin cases are 
higher than that of slip-twin cases (0.47a). Comparing | |
rb  with the attendant hardening reveals a 
clear correlation of the residual’s length with the degree of hardening (that is to say /d d  ) 
observed in the uniaxial experiments (see also Chapter 5.5.1). The calculation of | |
rb  produced 
from twin-twin and slip twin interactions is showcased below.  
Table 5.13 Magnitudes of the residual Burgers vectors | |rb  for the observed slip-twin and twin-
twin interactions depending on the loading orientation. a is the lattice constant of FeMnNiCoCr. 
Loading 
direction 
Incoming 
system 
Barrier 
system 
Residual Burgers vector ( | |rb ) 
[414]T  Slip 1’ Twin 7 0.47a 
[212]T  Slip 7’ Twin 5 0.47a 
[111]T  Twin 7 Twin 10 0.70a 
[100]C  
Twin 9 Twin 8 0.59a 
Twin 9 Twin 11 0.94a 
Twin 8 Twin 11 1.22a 
More details on the calculation of | |
rb  for twin-twin interaction can be found elsewhere 
[191]. For a crystal loaded along <001>C, the activated twinning systems are identified as 
(111)[211]  and (111)[211] . The former is denoted as Twin 9 and the latter Twin 11.  The 
calculation of the residual Burgers vector needs to be carried out in the same coordinate frame and 
the corresponding coordinate transformation can be expressed as the following: 
                                                         
11 9[211] [255]
6 18
T T
a a
→                                                (5.19) 
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Based on earlier analysis [192], the generation of a full step on the barrier twin boundary requires 
the incorporation of triplets of incident twinning dislocations. Therefore, the reaction between 
Twin 9 and Twin 11 in an incorporation scenario can be written as Equation 3 and the 
corresponding | |rb  is 0.94a. 
                                           
1
3 [211]  [255]  [822]
6 18 9
  incident            barrier      residual
a a
 → +
                                        (5.20) 
For a [212]T  oriented crystal deformed in tension, (111)[011]  slip and (111)[121]  twin 
modes are active (as demonstrated in Figure 1) and the [011]  dislocations will inevitably interact 
with the twins boundaries. First, the full dislocation would dissociate into two Shockley partials 
as follows, 
                                              
[011]    [121]    [112]
2 6 6
    full            leading        trailing
a a a
→ +
                                         (5.21) 
Then, upon interaction, the incident leading dislocation is incorporated into the existing twin 
forming a twin partial on the boundary and a residual dislocation. The reaction can be summarized 
as follows: 
                                                 
[121]    [121]    [101]
6 6 3
leading        twin partial    residual
a a a
→ +
                                     (5.22) 
In this case, no transmission occurs as the residual dislocation, [101]
3
a
, remains sessile with no 
further dissociation. The magnitude of the residual Burgers vector is 0.47a. Further interaction 
between the trailing dislocation and this residual dislocation can lead to different scenarios [160, 
173]. However, the ensuing magnitude of the residual dislocation and line energy of the reaction 
products increase in this process rendering the reaction of the trailing less plausible compared to 
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Equation 5.22. For a single crystal oriented in [414]T  crystallographic direction a similar reaction 
occurs, albeit with different signs, and the same residual ensues. 
5.5.4 Prediction of the flow stress based on the calculated coefficients at different strain levels 
Depending on the specific twin or slip system, the corresponding modified flow stress due 
to twin-twin and slip-twin/twin-slip interactions at certain shear strain level can be predicted as 
follows, 
                               
− − − −= + + + tw N twin self twin twin twin twin twin twin slip slipi i ii i ij j ik k
j k
h h h                    (5.23a) 
                                
− − − −= + + + s N slip self slip slip slip slip slip slip twin twini i ii i ij j ik k
i k
h h h                                 (5.23b) 
where 
−N twin
i is the critical resolved shear stress of twinning, and 
−N slip
i  is the critical 
resolved shear stress of slip. Using the experimentally determined strain hardening coefficients, 
we calculate the modified flow stress for a specific slip or twin system based on Equations 5.23a 
and 5.23b at different shear strains, i.e. ~ 5%=
twin slip   and ~10%=
twin slip  . In the [111]T
and [100]C cases, the plastic deformation is predominately accommodated by twin activities. 
Therefore, the predicted flow stress for the i-th twin system is carried out without considering the 
contribution of twin-slip interaction, i.e. the fourth term in Equation 5.23a is omitted. Similarly, 
the contribution of slip-slip interaction, i.e. the third term in Equation 5.23b, is omitted in the 
[414]T and [212]T case due to the dominant slip-twin interaction. Figure 5.15 illustrates the 
variation of the normalized flow stress, /
−tw N tw
i i  or /
−s N s
i i  , for each crystal orientation as a 
function of the corresponding residual Burgers vector. It is important to note that the normalized 
flow stress tends to increase with increasing | |
rb  (see Chapter 5.6.3 for further discussion) and 
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the agreement between predictions and experimental results is very good at both strain levels. The 
simultaneous nucleation of three twin systems in the [100]C case leads to three pairs of mutual 
interactions. Therefore, the residual Burgers vector in Figure 5.15 for the [100]C case is an 
averaged value of the | |
rb  listed in Table 5.13. Similarly, the corresponding normalized flow 
stress shown in Figure 5.15 for this case is an average of 8 8/
−tw N tw  , 9 9/
−tw N tw   and 11 11/
−tw N tw  . 
Following the same procedure, for slip-twin and twin-slip interactions ( [414]T  and [212]T ) the 
normalized flow stresses are calculated separately for the observed slip and twin systems and the 
averaged values are presented in Figure 5.15 against | |
rb . 
 
Figure 5.15 The normalized flow stress as a function of residual dislocation magnitude for each 
crystal orientation, where slip-twin interactions are observed for [414]T  and [212]T  cases and 
twin-twin interactions for [111]T  and  [100]C  cases. The dashed lines are guides for the eye. 
169 
 
5.6. Discussion 
5.6.1 Hardening anisotropy 
The stress-strain responses for the two favorable twinning orientations, [111]T and 
[100]C , revealed a dissimilar hardening response (i.e., slope /d d  ). It is evident that the strain 
hardening response of FeMnNiCoCr single crystals is orientation dependent, for the [100]C  
sample /d d   = 2.9 GPa compared to the [111]T  sample /d d   = 1.9 GPa. We offer the 
following rationale based on our experimental observations. There are two interrelated factors that 
can affect the strain hardening coefficient: the magnitude of the residual Burgers vector due to 
twin-twin interaction and the number of activated twin systems. As shown in Table 5.4, the 
magnitude of the residual Burgers vector is higher in the [100]C  case compared to the [111]T  
for most of the observed interactions. Especially, the interaction between twin 11 and twin 8 in the 
[100]C  case produces the highest | |
rb  = 1.22a among all possible reactions. In addition, 3 twin 
systems nucleated in the [100]C  case compared to 2 in the [111]T  case. Mutual interactions of 
multiple twin systems in the [100]C  loading case can further enhance the strain hardening level 
[180]. Based on these observations, the orientation dependency of the strain hardening response 
of single-crystalline FeMnNiCoCr can be attributed conclusively to the combined effect of: (i) 
differences in the magnitude of the residual Burgers vectors, | |
rb , formed by twin-twin 
interactions and (ii) the differing number of active twin systems for different loading directions.  
The extent of strengthening in a latent system can be characterized by its corresponding 
latent hardening modulus. A higher hαβ (α ≠ β) value implies that the strengthening of the latent 
system due to the deformation of the primary system is more pronounced. Although the 
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determination of the latent hardening moduli on experimental grounds for the case where two 
systems are activated is feasible, it is a formidable task for higher number of systems.  In this study, 
we assumed the symmetry of the hardening matrices   −slip sliph  and   −twin twinh  and isotropic self 
hardening of the twin systems (identical 
twin twinh
−
 values) in order to facilitate the calculation 
process. When comparing the latent hardening moduli of the [111]T  with the [100]C sample, we 
note that the strengthening of the latent twin system is more significant in the [100]C  case as its 
twin twinh
−
 (α ≠ β) values are shifted to higher values relative to those for [111]T  (see Table 5.3). 
Especially, for the case where interaction between twin 11 and twin 8 occurred in the [100]C
sample, the corresponding latent hardening modulus is the highest (
− =118 0.81 GPa
twin twinh ). This 
analysis shows that the remarkable strain hardening response of the [100]C loading case can also 
be correlated with the increased strengthening of the latent twin systems during deformation in 
addition to higher number of active twins and higher | |
rb . 
5.6.2 The uniqueness of our latent hardening determination approach 
It is important to reiterate that the latent hardening response of the FeMnNiCoCr HEA was 
investigated under a different scenario in this work compared to latent hardening studies of other 
materials in earlier literature. For previous undertakings [140, 149, 151-154], deformation was 
performed in two steps whereby during the first a single primary system was initiated. Nucleation 
of latent slip systems in the second step was achieved by re-orienting the pre-deformed single 
crystals at angles where the primary system becomes inactive, leaving only previously latent 
systems active. From such tests the hardening of previously inactive secondary systems was 
assessed by the latent hardening ratio (LHR) which relates the CRSS on the second system to the 
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maximal stress on the primary system during the first step.  This testing route is an idealized set-
up which has proven very instructive. However, it is important to note that the deformation often 
proceeds continuously in a monotonic fashion in more application relevant settings. In the present 
study, the crystal was deformed continuously so that a system, once initiated, remained active 
throughout the test. The rotation of the loading orientation after deformation is approximately 2˚. 
The orientation changes were accounted in the modified Schmid factors as show in Figure 5.14. 
The newly established procedure in this work allows the study of self and latent hardening under 
realistic loading conditions eliminating the need of sample re-orientation which, as discussed 
previously, aims to suppress the primary system. This has been made possible through the 
utilization of EBSD and high resolution DIC data. The full field strain measurements enabled 
relatively simple assessment of the number of activated twin systems (i.e., localized strain bands 
observed in DIC contour plots) which can be indexed using EBSD. With such data collected at 
two different loading levels, the twin volume fraction for each of the activated systems becomes 
available and allows extraction of the hardening moduli. Such a construction of the hαβ values 
based on proportional experiments resulted in self hardening magnitudes exceeding the latent 
hardening in a number of cases as we elaborate below. 
Early studies on slip-slip interactions invariably reported a latent hardening of the 
secondary system larger than the self hardening of the primary system independent of test 
temperature [140, 149, 151-154], seemingly conflicting with our analysis though conclusively 
resolvable bearing the particular experimental methodologies utilized in these studies vs. the 
present in mind.  presents an overview of the pertaining LHRs for cubic materials in comparison 
with the LHR values calculated from the hardening moduli obtained in the present study based on 
Equation 5.24 [151], 
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 
 
+ 
=
+ 
0
0
LHR
i ij j
latent
ij j jj j
self
h
h
                                                  (5.24) 
where 0
i  and 0
j  denote the CRSS for the latent and primary system, respectively, 
j  is the shear 
strain of the primary system, and i and j indicate slip or twinning (no summation of identical 
indices). Utilizing the average CRSS for slip ( 0 153 MPa
slip = [135]) and twin nucleation 
( 0 177 MPa
twin = ) combined with the average self and latent hardening modulus for each 
interaction type given in Equation 5.25 (excluding the self hardening moduli for isolated slip and 
isolated twinning), 
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0.012
0.055
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0.042
1.225
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−
−
−
−
−
−
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h
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h
                                     (5.25) 
the dependence of LHR on primary shear strain is depicted in Figure 5.16 for all four interactions 
types (slip-slip, twin-slip, slip-twin and twin-twin) that occur in FeMnNiCoCr single crystals. 
These curves were obtained under the premise that the hardening moduli in Equation 5.25 (which 
were determined at a strain level of ~10%) are independent of the amount of primary shear strain 
j . To test the validity of this assumption, the self and latent hardening moduli were additionally 
extracted from the stress-strain curves for strains of ~5% for twin-twin ( [111]T  and [100]C  
samples, Figure 5.2 and Figure 5.4) and for slip-slip ( [149]T  sample, Figure 5.9) interactions. 
The resulting hardening moduli exhibited only minor changes. Consequently, the LHRs for 10% 
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of strain (shown by solid lines in Figure 8) do not differ from those for 5% of strain (indicated by 
crosses). 
Figure 5.16 demonstrates that LHR depends sensitively on the interaction type. For 
example, the LHR is approximately 1.17 for twin-slip and is less than 1 for the other interaction 
types (slip-slip, twin-twin, and slip-twin).  Furthermore, for twin-twin and slip-twin interactions, 
LHR decreases considerably below 1 with the amount of strain on the primary system
j
, also for 
moderate   0.1
j
, as shown in Figure 5.16 and Table 5.14.  
LHRs for slip-slip interactions in cubic materials have almost invariably been reported to 
be > 1 both at room temperature (RT) and cryogenic temperature (77K), in some cases reaching 
values as high as 3.9 depending on the primary shear strain 
j , (Table 5.4). Yet, it has to be kept 
in mind that these studies determined the CRSS for the secondary system by back-extrapolation 
of the flow stress which may lead in some cases to a considerable overestimation of the true critical 
stress given by the first deviation from the linear elastic regime. Wu et al. [139] showed that when 
the CRSS of the secondary system is deducted from the first deviation from linearity LHRs smaller 
than unity (representing a weaker latent than self hardening) are obtained, in line with the present 
results.  
While the LHR defined in Equation 5.24 is affected by the CRSSs of both primary ( 0
j ) 
and secondary ( 0
i
) systems, the ratio of the latent to self hardening moduli/slopes reflects more 
closely the intrinsic difference between hardening on the primary and the secondary system upon 
straining the primary system. In Table 5.14, we list the values for 
ijq (Equation 5.26) based on our 
data and those from literature. While Kocks [150] suggested 1.4
−slip slipq  (past easy glide), our 
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analysis (both of literature data and of our own results) demonstrates a broad range for 
−slip slipq  
from 0.1 to 5.8 reflecting the sensitivity of the hardening response to the interaction type, active 
systems, residual Burgers vectors, amount of primary strain and to variations in the material 
intrinsic properties at the atomic scale. The large scatter of 
ijq  values attests the necessity to 
scrutinize each interaction type separately in carefully devised experiments or numerical 
simulation frameworks incorporating the individual and combined effects of the factors mentioned 
above. 
                                                                    =
ij
ij latent
jj
self
h
q
h
                                                         (5.26) 
Our results show that the 
ijq  values for interactions involving twinning and slip range from 
0.04 for slip-twin to 2.44 for twin-slip and pure interactions (slip-slip, twin-twin) lie between these 
values. Among all types of interactions, the latent system hardens faster than the active only for 
twin-slip (primary slip, secondary twinning); for the other cases the opposite is found: the active 
system hardens faster than the latent ones. 
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Figure 5.16 Dependence of the latent hardening ratio on primary shear strain for the four 
interactions types according to Equation 10. Solid lines were obtained from the average hardening 
moduli for 10% of strain (Equation 11) and crosses from those for 5% of strain. Values on the 
right border indicate the asymptotic behavior of LHRs for very large 
j
. The insets schematically 
illustrate the four interaction types when both slip and twinning occur. 
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Table 5.14 Experimentally determined latent hardening ratios (LHRs) and qij values for cubic single crystalline materials from the literature in 
comparison with those from the present work. 
Investigators Material Interaction LHR 
Primary Shear 
Strain (%) 
qij 
Temperature, 
Orientation 
Comments 
Kocks and Brown [149] Al, fcc slip-slip 
1.15-1.4 ~ 12 1.3-1.5 
RT, various 
† , , non-coplanar 
0.95-1.15 ~ 12 0.9-1.1 † , , coplanar 
Jackson and Basinski [153] Cu, fcc slip-slip 
1.3-2.6 
2-24 
1.4-5.6 
RT, various 
† , ,*, non-coplanar 
~ 1 ~ 1 † , , coplanar 
Franciosi, Berveiller and Zaoui 
[151] 
Al, fcc slip-slip 1.3-2.3 0-0.8 1.1-2.8 
RT, various 
† , ,* 
Cu, fcc slip-slip 1.4-3.9 0.2-2.7 1.3-5.8 † , ,* 
Franciosi [140] 
Ag, fcc slip-slip 2.25-3.7 0.7-0.85 - 
RT, various 
† , ,* 
Cu-4%Zn, fcc slip-slip 0.5-2.2 0.4-2.8 - † ,  
Wessels and Jackson [193] 
Cu-(0.5-10)%Al, 
fcc 
slip-slip 1.32-2.53 - - RT, various † ,  
Wessels and Nabarro [194] Cu-5%Al, fcc slip-slip 
1.2-2.45 - - 
RT, various 
† , , non-coplanar 
0.9-1.25 - - † , , coplanar 
1.6-1.8 - - 77K, various † , , non-coplanar 
Wu, Bassani and Laird [139] Cu, fcc slip-slip 0.6-1.1 1.2-2 0.1-1.3 RT, various 
† , CRSS of latent system determined 
by first deviation from linearity 
Franciosi [152] α-Fe, bcc slip-slip 1.05-1.85 0.8-1.65 1.1-3.2 RT, various † , ,* 
Nakada and Keh [154] α-Fe, bcc slip-slip 
1.2-1.4 10.7-27 1.4-3.2 RT, various † , ,* 
1.28 11 - 77K, various † ,  
This work FeCoCrMnNi, fcc 
slip-slip ~ 1 0-10 0.51 77K, [149]T     
twin-slip ~ 1.17 0-10 2.44 77K, [212]T   , primary slip, secondary twinning 
slip-twin 0.54-0.84 0-10 0.04 77K, [212]T   , primary twinning, secondary slip 
twin-twin 0.77-1 0-10 0.41 77K, [100]C , [111]T    
†…2-step incremental procedure with reorientation of loading axis between first segment (primary slip) and second segment (activation of latent system) 
…CRSS of latent system determined by back-extrapolation 
*…LHR peaks and then decreases to value > 1 with increasing shear strain on primary system 
  …continuous loading, CRSS for slip 
0 153 MPa=
slip  MPa, CRSS for twinning 0 177 MPa=
slip  
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It is worth recalling that in our [111]T  case the primary and the secondary twins nucleated 
at the same resolved shear stress albeit at different strains (and stress). In other words, the latent 
twin system was not hardened by prior isolated activity on the primary twin system, which 
occupied <15% of the sample volume (Figure 5.8a) when the secondary system nucleated. Twin 
nucleation in the remaining untwinned volume (85% of the total volume) occurred like in a pristine 
undeformed crystal and was not influenced by interaction with the primary twins. Therefore, the 
hardening during this initial stage of deformation (i.e., activation of primary twinning only) is 
dominated by self hardening with negligible hardening of the latent system. Once additional twin 
systems are activated, the interaction between the primary and secondary twinning triggers latent 
hardening. Expanding this line of thought we surmise that higher primary twin volume fractions 
will certainly give rise to interaction with the nucleating secondary system leading to observable 
latent hardening. 
In addition, our analysis revealed significant differences in the self hardening for twinning 
in the circumstance where both primary and latent twin systems are present and interact vs. where 
only a single primary system was active. Our calculations in Section 5.4 have shown that when the 
primary and the latent system are simultaneously active the self hardening modulus, 
77 1.1 GPa
twin twinh − = , is almost two times higher than the one associated with isolated primary 
twinning, 77
isoh = 0.65 GPa. We attribute such differences to sessile residual Burgers vectors 
produced at the interaction site from the reactions between dislocations associated with primary 
and latent twin systems, such as those in Table 5.4. The sessile nature of the residual dislocations 
impedes not only the growth of the incoming but also of the barrier twin and thus affects the self 
hardening of both twins. Similar to our observations for twinning, Wu et al. [139] reported 
increased self hardening in Cu single crystals in case of double slip compared to single slip. 
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However, for pure slip interactions, the underlying hardening mechanism is different compared to 
twin-twin interaction due to the absence of interfaces that can act as barriers and incorporate 
incoming dislocations.  
5.6.3 The role of residual dislocation 
Several papers [161, 173, 195-198] have been devoted to reactions and possible outcomes 
of dislocations interacting with different types of twin/grain boundaries utilizing experimental 
methods and atomistic simulations. On experimental grounds three conditions have been proposed 
to explain the tendency for a dislocation to transmit across a grain boundary [189, 199]. The 
entirety of these studies demonstrate that dislocation-interface reactions are highly complex 
processes governed by numerous factors across all length scales, from the macroscopic stress state 
to the boundary geometry to subatomic energy landscapes. However, pre-eminent is the role taken 
by the residual dislocations 
rb  created during the reaction at the point of interaction and the 
importance of 
rb  for the hardening characteristics of interfaces impeding slip has been 
unanimously illustrated [158, 160, 173]. 
In Table 5.6, we demonstrate that the magnitude of the residual Burgers vector | |
rb  
engendered from twin-twin incorporation interactions ranges from 0.59a to 1.22a, while that of 
twin-slip incorporation lies between 0.23a and 0.52a  [158, 160, 173]. The higher | |
rb  in the case 
of twin-twin interactions is plausible as it is required to incorporate triplets of incident twinning 
dislocations to create a step on the barrier twin boundary. When comparing the | |
rb  values with 
the corresponding hardening moduli, we note that the 
−twin twinh  (α ≠ β) values shown in Table 5.6 
are significantly higher than the 
twin sliph
−
 value shown in Equation B7. Thus, the higher | |
rb  values 
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for twin-twin interactions are reflected in increased hardening moduli. This result further justifies 
the key role of residual dislocations played in the strain hardening behavior of the FeMnNiCoCr 
HEA.  
5.6.4 Critical twin stress  
The stress-strain response of the [414]T  oriented single crystal showed a decrease in the 
stress with an increment of strain up to approximately 10% axial strain. Hitherto, twinning-induced 
strain softening has been attributed generally to the lattice reorientation by the twinning shear [200, 
201]. Lattice reorientation produces favorable (i.e. high) SFs on slip systems inside the twinned 
volumes, which in the formerly untwinned state were oriented unfavourably (i.e. exhibited low 
SFs). This type of twin-related geometric softening has been observed at high strains > 10% in hcp 
alloys and metals. Important to note is that despite geometric softening the overall net stress-strain 
slope recorded in these cases has been positive, thus albeit at a lower rate hardening persisted when 
geometric softening was present. The underlying reason is the dominance of hardening effects 
(dynamic Hall-Petch and Basinski hardening) surpassing softening in those cases. 
By contrast, softening for the [414]T  orientation in the present study (Figure 5.10) 
dominates, i.e. surpasses hardening, and occurs at very low axial plastic strain (<0.2%) 
immediately after yielding to ~10% axial strain. These observations suggest a mechanism different 
from geometric softening engenders the experimentally observed gradual stress decrease for
[414]T . This idea is further confirmed by the small orientation changes evidenced by EBSD. 
Net softening is commonly observed at the yield point in BCC alloys and metals containing 
interstitial impurities and manifests as a distinct sudden load drop giving rise to discontinuous 
yielding. Softening in these systems arises from the combined effect of dislocation unpinning, 
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rapid dislocation multiplication and the stress dependence of the dislocation velocity [202]. This 
mechanism can result in serrated yielding (Portevin-le Chatelier effect) in both BCC and FCC 
materials, however in a less distinctive manner in FCC than in BCC [203]. 
Phenomenologically similar to the Portevin-le Chatelier effect though based on a 
physically different mechanism, serrated yielding of FCC materials at low temperature can be 
caused by the destabilization and breakdown of Lomer-Cottrell locks at the tips of edge 
dislocations pile-ups, a behavior which is closely related to the reduced mobility of screw 
dislocations at low temperature [204]. 
While the above examples give rise to net load drops, dislocation activity, their 
multiplication and interaction in the absence of twinning leads generally to hardening when the 
overall forest dislocation density ρtotal increases as described by Taylor’s empirical relation in 
Equation 5.27 [205, 206] 
                                                              
−= +slip N slip totalb                                           (5.27) 
where μ and α are the shear modulus and a dimensionless positive material constant, respectively. 
As plastic strain via slip accumulates dislocations multiply and ρtotal increases. FeMnNiCoCr 
follows this trend as demonstrated in Figure 5.17(a). The dislocation density labeled ‘this study’ 
was estimated from TEM images of the available single crystal orientations in the present and our 
previous work [191]. Likewise, the total dislocation density for [414]T grows with applied strain, 
yet, despite accruing dislocations [414]T  displays net flow softening <10% axial strain. While 
their overall density increases, the ratio of dislocations on the primary vs. the secondary slip system 
stays roughly constant as illustrated in Figure 5.17(b). 
The present results demonstrate a phenomenon clearly different from slip based softening 
(discontinuous and serrated yielding) as evidenced by the absence of an abrupt load drop which is 
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instead replaced by continuous softening over several % strain. Furthermore, the twin related 
softening mechanism for [414]T  incontrovertibly dominates the stress response surpassing the 
sum of Taylor hardening (Equation 5.27) and twin-slip/slip-twin latent hardening. 
The observation of the twin migration stress in [414]T  points to two important findings. 
First, the twin migration stress can be less than the twin nucleation stress despite slip interacting 
with the twin boundaries, which is manifested by the continuous load decrease. Second, at high 
strains (stresses) when twin-twin interactions are expected to dominate, the twin migration stress 
is elevated. This is evident in the [111]T  and [100]C compression experiments. Since the 
mechanical response at large strains is dictated by such interactions, the overall deformation 
response may not conform to Schmid’s law after all. This departure from Schmid’s law has 
consequences for the formulation of flow criteria and the flow rule for FCC alloys. Any successful 
theory for the work-hardening of FCC alloys will have to accurately incorporate the hardening and 
softening contributions from individual interactions between slip and twin systems. 
Another aspect worth recalling is the stronger strain localization for [414]T  than for other 
orientations (Figure 5.13). Pronounced strain localization is invariably connected to low hardening 
or softening (e.g. Luders bands in crystalline materials, necking, shear bands in metallic glasses) 
and the present observations agree with this notion. 
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Figure 5.17 (a) Increase of total dislocation density and (b) ratio of density on primary to secondary 
slip system depending on axial strain in FeMnNiCoCr at 77K. The TEM image in (b) shows an 
example for slip-slip interaction. SC stands for single crystal. Dashes indicate the linear 
approximations used to model the dislocation density in Chapter 5.6.5. 
5.6.5 The form of the hardening law and latent hardening ratio 
It is important to note that the strengthening of a material due to slip and twin can also be 
related to its dislocation density (Taylor’s classical relation [205]) and twin volume fraction 
(Remy’s model [207]), respectively. The mathematical form for the stress increase combining 
different hardening mechanisms, in particular for slip-slip interactions, has been debated [35, 60, 
61]. Franciosi et al. [151] verified that the use of a quadratic (vs. a linear) relation results in better 
agreement with the experimental latent hardening results. Therefore, we propose a similar 
procedure where the squares of each contribution to the flow stress are added up.  Consequently, 
the hardening on the system j can be expressed as 
                  ( ) ( ) ( ) ( )
2 22 2
s s s tw tw s tw tw
j jk k jk k jk k jk k
k k k k
b f f       − − − − = + + +                 (5.28) 
where μ is the elastic shear modulus, b is the magnitude of the Burgers vector, k is the 
dislocation density on system k, and jk  define the interaction strength between two deformation 
systems. For pairs of slip systems 
s s
jk
−
 ranging from 0.04 to 0.72 were reported [62, 63] but values 
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for twin-related interactions are vague [207]. 
s tw
jk
−
 and 
tw tw
jk
−
 are the products of the Schmid 
factor ( km ) and the interaction coefficients (
s tw
jk
−
and 
tw tw
jk
−
). The superscript ‘2’ in Equation 
5.28 indicates squares of matrix elements (i.e. of scalar quantities). kf  can be written as 
1(2 )
1
k
k
k
f
t
f
−
−
  [207], where kt  is the twin thickness and kf  is the twin volume fraction. Note that kt , 
kf  and k  are based on the present experiments at different strain levels and are found to evolve 
almost linearly with axial strain between 0% and 10% (as e.g. indicated for total  in Figure 
5.17(a)). 
Direct application of Equation 5.28 to predict the change of flow stress accurately can be 
rather difficult as the determination of the interaction coefficients can be very intricate in cases 
where multiple systems are active. Nevertheless, it allows us obtaining estimates for the latent 
hardening ratio (LHR), which can give important insight into the evolution of the ratio between 
jkh ( k j  ) and kkh  as a function of strain. Based on the LHR for the slip-slip case 
−s s
jiL  
(Equation 5.29, [151]), we extend this concept to twin-related interactions. In this manner, the 
LHR for slip-twin (
−s tw
jiL ), twin-slip (
−tw s
jiL ) and twin-twin (
−tw tw
jiL ) cases can be presented as 
( ) ( )
( ) ( )
( )
( )
1/2 2
2 2
2 2 2
 
             
 
s s
s s s s
L jk k
ji i L ji i
kjs s
ji
s s s s s s
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L
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    
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−
− −
−
− − −
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Figure 5.18 illustrates the evolution of the corresponding LHR for twin-twin, twin-slip, 
and slip-twin interactions with axial strain (0% to 10%) using Equations 5.30, 5.31 and 5.32, 
respectively. To facilitate the calculation, the interaction coefficients, jk , are approximated by 
the hardening moduli, jkh , listed in Table 5.12. Note that the LHR in the case of twin-twin first 
decreases with increasing strain and eventually saturates at a value of ~0.6, while the variation 
with strain for slip-twin and twin-slip is negligible, that is to say they are constant at ~0.59 and 
~1.7, respectively. The fact that the LHR in the twin-twin case becomes 0.6 after 3% strain implies 
that the latent hardening is smaller than self hardening. This result is consistent with the moduli 
presented in Table 5.12 and Wu et al. [139]. In the case of slip-slip interaction, the ratio between 
the dislocation density on the primary system ( p  ) to that on the secondary system ( s ) is 
approximately constant at ~2.8, as shown in Figure 5.17(b). The corresponding slip-slip LHR is 
~0.65 according to Equation 5.29. 
To demonstrate the calculation the slip-twin interaction for the case of [414]T  is utilized. 
In this case, the interaction between slip system 1’ and twin system 7 was revealed (see Figure 
5.10). Therefore, Equation 5.30 can be further simplified to 
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We like to point out that Equation 5.33 implies that the change of the slip-twin LHR is 
strongly affected by the variation of 

2
2
1'
f
 with strain. However, such variation is rather small in 
[414]T  resulting in a constant LHR (Figure 5.18c). 
 
Figure 5.18 LHR for different deformation mechanisms: (a) twin-twin interaction observed in 
[111]T  case, (b) twin-slip interaction observed in [414]T  case and (c) slip-twin interaction 
observed in [414]T  case. * Note that the axial strain presented for the twin-twin case in [111]T  
is offset by ~9% of strain which is mainly accommodated by the primary twin system prior to 
activation of the second twin system. Dashes show the overall trends. 
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5.7 Conclusions 
In summary, the present work supports the following conclusions: 
1. The activation of multiple twin systems results in their interaction and leads to pronounced 
strain hardening in FeMnNiCoCr HEAs. The higher strain hardening in the [100]C  loading 
case compared to the [111]T  case is consistent with the activation of a higher number of twin 
systems and the formation of larger residual Burgers vectors upon their interactions.  
2. The latent hardening moduli for twin-twin interactions are smaller than the self hardening 
moduli for the respective twin systems when both primary and latent twin systems are present 
and active. 
3. The self hardening modulus of an isolated twin system is smaller than the twinning self 
hardening moduli when multiple twin systems are present. We attribute this difference to the 
residual Burgers vectors, which are brought about by twin-twin interactions and form barriers 
to the growth of both primary and latent twins. 
4. We demonstrate that the latent hardening moduli for the observed twin-twin interactions are at 
least one order of magnitude higher than those for slip-slip and slip-twin/twin-slip interactions. 
This result also verifies the significance of twin-twin interactions to the overall material 
strengthening and is also consistent with the higher | |
rb  associated with twin-twin interactions 
compared to twin-slip interactions. 
5. Plastic deformation modeling of HEA materials needs to account for the latent hardening as a 
result of twin intersections and the associated effects on flow resistance. The yield criteria must 
depend on non-glide shear components as well because those stress components affect the 
primary glide. The HEA alloy single crystal experiments facilitate tracking of the activated 
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systems besides allowing the stress and strain states to be unambiguously defined unlike the 
polycrystalline case.  
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Chapter 6 Summary and Future Works 
6.1 Summary 
In a nutshell, the current study contributes to the advancement of our overall understanding 
of the deformation behaviors of SMAs and HEAs. A wide spectrum of SMAs are enclosed in this 
dissertation, NiTiHf, CuZnAl, NiTi, NiTiCu and NiFeGa, for the characterization of both shape 
memory responses and temperature changes. We also interrogate the FCC equi-atomic 
FeMnNiCoCr HEAs on their extraordinarily high strain hardening behaviors. The conclusions 
drawn from this study are based primarily on the empirical observations. The experiments were 
performed in multiple length scales. That is, the tensile or compressive tests were performed 
carefully at millimeter scale. Then, DICs were performed on the deformed sample to determine 
the activated deformation systems at mesoscale. EBSD or X-ray diffraction was conducted to 
identify the observed deformation systems or the grain orientations at micrometer scale. To further 
explain the nuance noted at macroscopic behavior of the material, TEM was used to pinpoint the 
morphology of the precipitate, dislocation movement and twinning type at nanometer or even 
angstrom scale. Overall, the synergy of different techniques spanning across various length scales 
constitute a multi-faceted approach for future material science research. 
In Chapter 3, we scrutinized the high temperature response of NiTiHf alloys with Hf 
content ranges from 12.5 at.% to 25 at.%.  We found exceptional transformation strain level (21.5%) 
for NiTi-13.3Hf in tension. We also observed very high transformation temperatures (exceeding 
400 ˚C) and functionalities of NiTi-24.7Hf. The deviation between theoretical and experimental 
transformation strains of the NiTiHf alloys was also rationalized. By extracting the local 
transformation strain and compared to the theoretical value, a good agreement between the two 
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can be achieved. The results point to the need for a better understanding of transformation strain 
progression during transition from small to large scales in future studies, and to ascertain the role 
of grain boundaries on the advance of transformation fronts in NiTiHf class of alloys.  
In Chapter 4, the novel EC effect manifested from the entropy change during phase 
transformation of SMAs is elaborated. It provides a promising eco-friendly cooling alternative to 
the traditional vapor compression technique.  Among the target materials, NiTi SMAs showed the 
highest temperature change capability on the order of near 20 ˚ C. To obtain the largest EC response 
on a given alloy, the deformation (applied strain) must be high enough to convert the entire 
austenite domain to martensite and vice versa. Under such large strain cycling to ensure 
transformation of the entire domain, fatigue damage may limit the lifetime of the alloy in practice. 
To circumvent the problems arising from fatigue, the use of compression loadings can be proved 
to be beneficial. The transformation strains in compression are lower (5%) for NiTi compared to 
tension (10%), whereas the adiabatic temperature change remains very similar. In terms of fatigue 
performance, in tension CuZnAl and Ni2FeGa display superior characteristics to NiTi and NiTiCu, 
while all four alloys exhibit exceptional fatigue characteristics in compression. For example, for 
NiTi the cycles to failure was 150 in tension while in compression failure is not observed in excess 
of 104 cycles. However, we did note that especially in tension the magnitude of stresses for 
transformation are rather small for Ni2FeGa, CuZnAl and NiTiCu alloys, which could be 
advantageous to generate an EC response under small loadings.  
In Chapter 5, the use of single crystal FeMnNiCoCr HEAs and the combination of DIC, 
EBSD and TEM permit an understanding of the strain hardening phenomena from nano- to micro-
meter length scales where activities on multiple twin systems were measured. The current study 
underscores the key role residual dislocations and the number of activated twin systems played on 
190 
 
the strain hardening response of HEAs. The hardening matrices {hαβ} extracted from the 
experimental results for both [111]T  and [100]C  cases reveal the significance of twin-twin 
interactions for the overall strengthening of HEAs. It is important to note that the latent hardening 
moduli 
−twin twinh  (α ≠ β) arising from twin-twin interactions are more important than the moduli 
(both self and latent) associated with slip-twin, slip-slip and twin-slip interactions in establishing 
the overall hardening moduli of a single crystal. The determination of the hardening moduli carried 
out here will be beneficial for the future plastic modeling of HEAs. As our results have clearly 
revealed the effect of latent hardening on the overall stress-strain response needs to be considered 
in any carefully devised hardening description aiming at a physically comprehensive and accurate 
representation.  
6.2 Future Works 
The experimental results shed light into possible avenues for ultrahigh hardening in HEAs. 
The strengthening levels are comparable to other fcc alloys that are dominated by twinning activity, 
i.e. the Hadfield steels [148] and Co-Ni alloys [158] that have been reported earlier. The exact 
mechanism for hardening can be alloy specific (such as octahedral to tetrahedral interstitial site 
exchange during deformation in Hadfield steel). The unique feature of the HEA alloys is that the 
intrinsic stacking fault energies (SFE) are lower (20-25 mJm-2) [208] compared to other fcc alloys 
(i.e. SFE ~ 100 mJm-2 for NiFe [208, 209]) on one hand permitting twin nucleation compared to 
previously studied fcc alloys. Further work is needed in compositional effects (i.e. the role of 
particles or bcc domains) that could raise the friction stress and hence promote twinning at low 
strains. 
The damage tolerance of SMAs still remains one of the biggest concerns that hampered 
their application as solid refrigerant. Whenever a crack is initiated, the crack tip will be surrounded 
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by first a plastic zone, then a retained transformation (martensitic) zone and lastly elastic (austenite) 
zone. As most of our understanding on fatigue crack growth are established on materials without 
phase transformation, that of SMAs remains elusive. A previous study on fatigue crack growth of 
Ni2FeGa has shown that the transformation zone provides shielding effect and thus retard the 
propagation of the crack in Mode I. However, in majority of the cases, both Mode I and Mode II 
loading were observed, i.e. deviated crack, in fatigue crack growth experiments of SMAs. 
Therefore, a comprehensive study of Mode I and Mode II needs to be delivered to advance our 
knowledge on the damage tolerance of SMAs. 
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Appendix A: Theoretical Strain Prediction  
Table A.1 Twinning Modes Used in Energy Minimization Calculations 
Material 
(Investigator) 
Twinning Mode 
Twin Plane 
(Normal n) 
Twin Shear Direction  
a 
Habit Plane  
(Normal m) 
Habit Shear Direction  
b 
NiTi6.25Hf (HS) (011)-Type I {0.7071  0.7071 0} <0.0909, 0.1382, 0.3323> 
{-0.2675 0.8514 -0.4512} <0.1111,  -0.0078,  -0.0662> 
{-0.8412  0.0048 0.5408} <0.0417,  -0.1103,  0.0539> 
NiTi12.5Hf (HS) (011)-Type I {0.7071  0.7071 0} <0.0457, 0.1015, 0.3874> 
{-0.2339  0.9335 -0.2718} <0.1029,  -0.0181,  -0.0667> 
{-0.8236 0.0888 0.5602} <0.0350,  -0.1153,  0.0291> 
NiTi15Hf (DH) (011)-Type I {0.7071  0.7071 0} <0.0341, 0.1066, 0.4495> 
{-0.1058  0.9093 -0.4025} <0.1511,  -0.0115,  -0.0632> 
{-0.9090 -0.0045  0.4169} <0.0297,  -0.1497,  0.0607> 
NiTi20Hf (HK) (011)-Type I {0.7071  0.7071 0} <0.0161, 0.1018, 0.4947> 
{-0.0666  0.9111 -0.4067} <0.1677,  -0.0118,  -0.0651> 
{-0.9184 -0.0168  0.3952} <0.0270,  -0.1651,  0.0674> 
NiTi25Hf (HS) (011)-Type I {0.7071  0.7071 0} <0.0197, 0.0982, 0.4744> 
{-0.0125 0.8204 -0.5716} <0.2338,  -0.0060,  -0.0390> 
{-0.9708, -0.0709,  0.2292} <0.0303, -0.1953, 0.1310> 
NiTi25Hf (HS) (001) [001] 
Compound 
{1 0 0} <0.0123, 0.2237, 0> {-0.6348 0.5926 -0.4958} <0.0357,  0.0316,  -0.0264> 
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Table A.2 Theoretical Compressive Transformation Strains based on Cubic to Monoclinic Model. Note that orientations near [011] pole 
produce strains as high as 9.5% in compression for NiTi25Hf. The acronyms represents the lattice constants obtained from different 
investigators, see text for details. 
 [111] Single Crystal [011] Single Crystal [001] Single Crystal 
 
(011)-Type I 
CVP 
(%) 
(011)-Type I 
CVP + detwin 
 (%) 
LDT 
 (%) 
(011)-Type I 
CVP  
(%) 
(011)-Type I 
CVP + detwin 
 (%) 
LDT 
(%) 
(011)-Type I 
CVP 
 (%) 
(011)-Type I 
CVP + detwin 
 (%) 
LDT 
(%) 
NiTi* (HS) 
Type II-1 
2.98 3.58 3.64 5.06 5.04 5.17 4.37 4.09 4.18 
NiTi6.25Hf (HS) 3.99 3.99 4.08 6.13 6.13 6.33 2.91 4.63 4.75 
NiTi12.5Hf (HS) 5.40 5.40 5.55 6.54 6.54 6.77 2.37 2.37 3.41 
NiTi15Hf (DH) 4.44 4.44 4.55 7.56 7.56 7.87 1.58 1.93 1.95 
NiTi20Hf (HK) 4.48 4.48 4.58 8.00 8.00 8.35 1.11 1.11 0.97 
NiTi20Hf (OB) 4.93 4.93 5.05 8.50 8.50 8.89 1.34 1.45 1.46 
NiTi20Hf (DH) 4.04 4.04 4.90 7.93 7.93 8.28 1.18 1.18 0.97 
NiTi20Hf (AS) 4.70 4.70 4.82 8.17 8.17 8.53 1.36 1.36 1.29 
NiTi25Hf (HS) 7.55 7.55 7.86 9.01 9.01 9.46 0.291 0 0 
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Table A.3 Theoretical Tensile Transformation Strains based on Cubic to Monoclinic Model. Note that orientations near [111] pole 
produce strains as high as 9.5% in compression for NiTi25Hf. 
 [111] Single Crystal [011] Single Crystal [001] Single Crystal 
 
(011)-Type I 
CVP 
(%) 
(011)-Type I 
CVP + detwin 
(%) 
LDT 
(%) 
(011)-Type I 
CVP 
(%) 
(011)-Type I 
CVP and detwin 
(%) 
LDT 
(%) 
(011)-Type I 
CVP (%) 
(011)-Type I 
CVP +detwin 
(%) 
LDT 
(%) 
NiTi* (HS) 5.11 10.27 9.79 4.07 8.75 8.40 2.72 2.72 2.68 
NiTi6.25Hf (HS) 6.15 12.30 11.63 4.52 9.99 9.54 3.16 3.16 3.11 
NiTi12.5Hf (HS) 5.15 13.38 12.59 3.49 10.16 9.69 1.87 1.87 1.85 
NiTi15Hf (DH) 8.81 17.5 16.17 6.04 8.39 10.66 2.76 2.76 2.73 
NiTi20Hf (HK) 10.07 19.69 18.06 7.17 9.95 11.42 2.92 2.92 2.80 
NiTi20Hf (OB) 12.02 20.85 19.04 8.09 10.84 11.95 3.79 3.79 3.72 
NiTi20Hf (DH) 9.36 19.34 17.76 6.77 9.60 11.31 2.63 2.63 2.59 
NiTi20Hf (AS) 9.70 19.60 17.95 6.87 9.72 11.44 2.84 2.84 2.80 
NiTi25Hf (HS) 13.42 19.83 18.93 9.70 11.61 11.53 3.15 3.15 3.10 
 
